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The direct nucleation and growth of ferrite and cementite has been investigated in an Fe–C metallic glass using X-ray diﬀraction, transmission
electron microscopy and atom probe tomography. The nucleation and growth proceeds via primary crystallization of ferrite, without the formation
of austenite. There is no carbon gradient at ferrite/amorphous interfaces, indicating that the transformation rate is controlled by the low mobility of
these interfaces compared to the mobility of C atoms. A thermodynamic description is proposed to explain the delayed nucleation of cementite.
Ó 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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Optimization of the microstructures of steels, and
hence of their properties, often depends strongly on the
control of phase transformations during thermomechanical
processing [1]. The decomposition of austenite is of particular interest as it is the parent phase for most of the microstructures of importance, e.g. martensite, bainite or
pearlite. When the transformation rate is relatively low,
the austenite (face-centered cubic) transforms at low temperature into ferrite (body-centered cubic, bcc) and cementite (orthorhombic) [2]. This transformation proceeds via
discontinuous precipitation where austenite grain boundaries act as nucleation sites, both for pro-eutectoid ferrite
or pro-eutectoid cementite, and also for pearlite when these
two phases grow simultaneously [3,4]. Thus, these resulting
microstructures are strongly controlled by the mechanisms
of nucleation. In addition, it is relatively well established
that the rate-controlling mechanism is determined by the
carbon diﬀusion in austenite or along boundaries [3,4].
Then, an interesting question is how ferrite and cementite
would nucleate and grow in the absence of prior defects
in austenite (namely grain boundaries), or from a parent
phase other than austenite. Experimental investigations
have shown that it is impossible to directly nucleate these
phases from the melt. Indeed, a very fast cooling rate leads
to the nucleation of the metastable e phase [5,6] or to the
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formation of a metallic glass [5–8]. The crystallization of
such a metallic glass upon annealing strongly depends on
the carbon content. If the carbon content is below
20 at.%, then it proceeds at low temperature via primary
crystallization in two steps. First, ferrite nucleates, followed
by the formation of carbides [7,8], as in the ternary Fe–C–B
system [5]. If the carbon concentration exceeds 25 at.%,
then the amorphous phase transforms completely into carbides [9], as in Mn–C and Cr–C systems [10]. In the case of
primary crystallization, the kinetics of nucleation and
growth into the amorphous structure is often controlled
by the partitioning of elements [11,12]. This involves atomic
diﬀusion in the amorphous matrix and eventually the formation of concentration gradients at crystal/amorphous
interfaces during the primary crystallization process [13].
Thus, the transformation rate could be inﬂuenced by large
diﬀerences in the diﬀusivity of interstitial species (e.g. carbon in iron) in an amorphous and crystalline phase [14].
The aim of this work was ﬁrst to understand how ferrite
and cementite nucleate from a parent phase other than austenite, namely a metallic glass. Second, by investigating
concentration gradients through the amorphous/crystalline
interfaces we studied the inﬂuence of carbon diﬀusion in the
possible cooperative growth of these two phases.
To achieve these goals, Fe–C amorphous ﬁlms 500 nm
thick were obtained by reactive magnetron sputtering using
CH4 as reactive gas and a Fe target (purity 99.5%) (see
details in Ref. [15]). Films containing about 15 at.% C were
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deposited on Si substrates for X-ray diﬀraction (XRD)
analysis, on standard Al foil for transmission electron
microscopy (TEM) characterization (the substrate was dissolved in NaOH solution) and ﬁnally on interstitial-free
(IF) steel to investigate the inﬂuence of a pre-existing interface (amorphous/ferrite) on the nucleation and growth
mechanisms. Films were annealed under vacuum
(10 6 mbar) up to 500 °C. Crystalline phases were identiﬁed
by XRD using a Rigaku diﬀractometer (Cu-target X-ray
source and scintillation detector). Cross-section TEM foils
were prepared using a focused ion beam (FIB; NVISION40 Zeiss). Samples were observed in a JEOL ARM200F
microscope operated at 200 kV. Energy-ﬁltered (EF)
TEM images were recorded using a Gatan Imaging Filter
(GIF Quantum). In situ annealing experiments were carried
out to follow growth kinetics using a Gatan Tantalum heating holder in an aberration-corrected Titan environmental
transmission electron microscope operated at 300 kV.
Composition gradients across crystalline/amorphous interfaces were measured by atom probe tomography (APT).
Samples were prepared using FIB and then analyzed in
an energy-compensated atom probe (EcoTAP CAMECA)
using electric pulses (repetition rate 30 kHz and 20% pulse
fraction) at 80 K. Carbon quantiﬁcation was done following the procedure proposed by Sha et al. [16].
Both XRD measurements (Fig. 1b) and selected-area
electron diﬀraction (SAED) performed in the transmission
electron microscope (not shown here) conﬁrmed that the
as-prepared material was fully amorphous. APT analyses
were carried out to check both the composition of the

metallic glass (Table 1) and the distribution of carbon
atoms within the structure. As shown on the 3-D reconstruction (Fig. 1a), no signiﬁcant composition variations
were observed and the computed frequency distribution
of carbon atoms corresponded relatively well to a random
distribution. During isothermal annealing for 1 h at low
temperature (250 °C) the ferrite phase nucleated ﬁrst
(Fig. 1b), indicating a primary crystallization process consistent with data reported on the crystallization of similar
metallic glasses prepared by splat cooling [7,8]. At higher
temperatures (300 °C and above), peaks corresponding to
both ferrite and cementite are detected. In situ TEM also
conﬁrmed that the ferrite nucleates before cementite (see
Fig. 1c), which is qualitatively very consistent with the
XRD data shown in Figure 1b. At completion of the transformation the material exhibits a nanoscaled structure
(Fig. 2a). Equiaxed and slightly faceted ferrite grains that
have nucleated by primary crystallization are homogeneously distributed and exhibit an average diameter of
50–100 nm. They are embedded in much larger grains
(200–400 nm) identiﬁed as cementite (Fe3C). EFTEM data
showing the carbon distribution (Fig. 2c) clearly indicates,
as expected, a strong partitioning of carbon between the
two phases. In the carbides, the large density of stacking
faults, clearly visible on the TEM bright-ﬁeld image
(Fig. 2a), gives rise to characteristic streaks on the diﬀraction pattern (Fig. 2b). Such faulted carbides have been previously reported in high-carbon crystallized Fe–C metallic
glasses (e.g. [10]) as well as in tempered martensite [17]. It
was concluded that this transformation occurred without

Fig. 1. (a) 3-D reconstruction of a volume analyzed in the as-prepared Fe–C ﬁlm showing the distribution of C atoms; (b) XRD spectra recorded
after isothermal annealing (3600 s) at various temperatures; (c) in situ TEM bright-ﬁeld images taken after holding for 3600 s at 250, 350 and 450 °C,
showing the successive crystallization of ferrite and cementite (circles and squares are used as a guide to follow the growth).
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Table 1. Phase composition (at.%) obtained from APT analyses.

Fe
C
Others

As-prepared

1 h 250 °C
amorphous phase

1 h 250 °C
ferrite

85.7 ± 0.1
13.6 ± 0.1
<0.03

75.2 ± 0.13
24.7 ± 0.13
<0.03

99.78 ± 0.03
0.04 ± 0.01
<0.03

Fig. 2. (a) TEM bright-ﬁeld image of the fully crystallized Fe–C alloy
aged at 300 °C for 3600 s, showing nanoscaled a-Fe grains embedded
in Fe3C. (b) SAED pattern taken in a Fe3C grain and involving several
a-Fe grains. (c) EFTEM map combining the C-K (green) and Fe-K
(blue) edge signals. (For interpretation of the references to colour in
this ﬁgure legend, the reader is referred to the web version of this
article.)

the formation of austenite or the epsilon carbide phase.
This latter phase has been reported for similar metallic
glasses obtained by splat cooling [6], though it seems that
its stability is strongly linked to the silicon content of the
alloy [18,19]. It is interesting to note that carbon partitioning occurred exclusively during the primary crystallization
stage via carbon diﬀusion in the amorphous phase. To
investigate the inﬂuence of a pre-existing interface on the
nucleation process, an amorphous ﬁlm with the same carbon content was deposited on IF steel (single-phase bcc ferrite). As shown on the bright-ﬁeld TEM image in Figure 3a,
such an interface acts as a preferential site for the nucleation of ferrite. Numerous ferrite grains are seen along
the substrate interface, these exhibiting a higher nucleation
density compared to the bulk. Due to the high density of
nuclei at the interface, the ferrite growth seems to be constrained in all directions except perpendicular to the original boundary. In analogy with the decomposition of
austenite, one might expect the formation of cementite in
the regions between these ferrite grains due to the partitioning of carbon into the amorphous matrix leading to a pearlitic-like structure. However, in the present case, even if a
large amount of carbon is rejected into the parent phase,
cementite does not nucleate and there is no cooperative
growth of ferrite and cementite. The carbon distribution
in this partly crystallized state was investigated by APT
analysis (Fig. 3b). The carbon concentration measured in
the ferrite (Table 1) is in relatively good agreement with
the solubility of carbon in ferrite predicted from the aFe/Fe3C phase diagram [2]. This is not an obvious result
as we could have expected deviations since here the ferrite
is in contact with the amorphous phase rather than with
Fe3C. It is also interesting to note that, even if the composition of this amorphous phase is extremely close to the
composition of cementite (Fe3C, 25 at.%), the latter phase
has not nucleated at this stage. From these composition
measurements, and assuming that the molar volume of all

Fig. 3. Fe–C metallic glass deposited on the IF steel and annealed for
1 h at 250 °C. (a) Bright-ﬁeld TEM image (corresponding SAED inset)
showing nanoscaled ferrite grains that have homogeneously nucleated
but also a large density of ferrite grains nucleated at the interface with
the IF substrate. (b) 3-D reconstruction of a volume analyzed by APT
and showing the distribution of C (red) and Fe (black) atoms. The
composition proﬁle was computed through a ferrite/amorphous
interface (sampling volume thickness 1 nm). (For interpretation of
the references to colour in this ﬁgure legend, the reader is referred to
the web version of this article.)

phases is similar, the volume fraction of ferrite was estimated to be 40%. Importantly, the concentration proﬁles
measured across the ferrite/amorphous interfaces (Fig. 3c)
clearly show that there is no signiﬁcant carbon gradient
in the amorphous phase (the 3–5 nm gradient can be attributed to the convolution of the sampling volume with the
curved interface). There is no measurable carbon enrichment near the boundary, indicating that the mobility of carbon atoms is much higher than the mobility of the growing
interface. From in situ TEM observations it proved possible to estimate the mean velocity of the ferrite/amorphous
interface during the growth regime. It turns out that the
fastest growth rate of ferrite crystals at 250 °C was typically
from 10 to 60 nm in diameter over a period of 5 min. This
leads to a mean interface velocity of about 5 nm min 1.
Previous studies on the diﬀusion of interstitial elements in
amorphous Fe suggest a slightly higher diﬀusivity than in
the crystalline phase [14], but also that this diﬀusivity might
be aﬀected by the structural relaxation of the glass during
annealing. Thus, one can conservatively make a lower
bound estimate of the diﬀusivity of carbon in the amorphous structure by using the diﬀusivity in bcc ferrite, where
the diﬀusion coeﬃcient is taken to be: D = D0 exp [ Q/
(RT)] (with D0 = 6.2  10 7 m2 s 1, Q = 80 kJ mol 1,
R = 8.31 J K 1 mol 1 [1]). Using this estimate the eﬀective
diﬀusion distance (k  (6 D t)1/2 with t the diﬀusion time) of
carbon atoms is 103 nm in 1 min at 250 °C. This suggests
that the transformation rate is too slow to cause the build-
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up of a carbon gradient at the interface. Therefore, both
our experimental observations (APT data, Fig. 3) and these
estimates indicate that, unlike the pearlitic transformation
[3,4], in the present case the rate of growth of the ferrite
interface is not controlled by carbon diﬀusion but rather
by the interface mobility. Furthermore, the rapid redistribution of C atoms inside the amorphous phase makes it difﬁcult to obtain locally high carbon concentrations during
the crystallization. This is in contrast to the decomposition
of austenite, during which the relatively high mobility of
the ferrite/austenite interface leads to a buildup of carbon
at the transformation front and therefore a preferential
location for cementite nucleation. Clearly, compared to ferrite, the nucleation of cementite seems more diﬃcult in the
present material. This could be due to a higher nucleation
barrier or a lower nucleation driving force. The nucleation
of cementite has also been reported to be diﬃcult in martensite tempered at low temperatures (below 300 °C), even
though the mobility of carbon is expected to be high under
these conditions [17,18]. For long aging times in martensite
(>103 s) cementite should appear at 250 °C but it is typically preceded by transition carbides or is observed to form
on defects where the nucleation barrier is reduced (e.g. twin
boundaries) [18]. As in martensite, the cementite nucleation
in the amorphous phase might be limited by the need for
signiﬁcant rearrangement of Fe atoms. At low temperatures, the mobility of Fe atoms is rather limited. It has been
proposed that at such low temperatures carbides could
form in tempered martensite via a displacive transformation [20,21]. It is hard to imagine a similar process being
available in a disordered amorphous structure.
To better understand the two-step crystallization process of the Fe–C metallic glass, one should consider the
driving force for nucleation. A representation of the molar
Gibbs energy of the liquid phase (which is, thermodynamically speaking, not far from the amorphous state), ferrite
and cementite is shown as a function of the carbon content
in Figure 4 (calculations made with the TCFE7 database).
Note that the curve for the amorphous/liquid phase indicates a minimum of enthalpy close to the eutectic composition. In the Fe–B system and other alloys based on these
elements, a good glass-forming ability is typically achieved
for about 20 at.% B as well [22]. Thus, Figure 4 clearly
shows that at the beginning of crystallization, the driving

Fig. 4. Representation of the molar Gibbs energy curves of the
diﬀerent phases involved in the crystallization process (estimate done
at 298 K with Thermocalc software using the TCFE7 database).
Primary crystallization (DG1), followed by secondary polymorphous
reaction (DG2). DGin represent the driving force for nucleation of the i
phase (i = a-Fe or Fe3C).

force for the nucleation of ferrite (DGa-Fe
) is much higher
n
than that of cementite (DGFe3C
), triggering the primary
n
crystallization (DG1). In consequence, the carbon content
in the amorphous phase increases. This leads to a small
decrease of the enthalpy but a progressive increase of the
driving force for the nucleation of cementite. Then, in a second step, if the temperature is high enough to overcome the
nucleation barrier, the amorphous phase with a carbon
content close to the cementite composition crystallizes
(DG2), forming large cementite grains surrounding the
nanoscale ferrite clusters (Fig. 2a).
In conclusion, the crystallization of Fe–C metallic glass
involves a primary crystallization process of ferrite. Contrary to the decomposition of austenite, the transformation
rate is controlled by the interface mobility, and due to the
high mobility of carbon in the amorphous phase, there is
no carbon buildup at the interface, favouring the nucleation of cementite. One explanation, illustrated qualitatively here, is that the thermodynamic driving force for
ferrite relative to cementite can explain the relative ease
of nucleation of the former relative to the latter.
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