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The dislocation densities were measured on the same samples using transmission electron microscopy (TEM),
scanning electron microscopy (electron channeling contrast imaging (ECCI) and high-angular-resolution-electron
ECCI backscattered diffraction (HR-EBSD)), and X-ray diffraction (XRD). Notably, these different methods do not
;F(ERIEI observe the same types of dislocations, i.e., statistically stored dislocations (SSDs) and/or geometrically neces-
HR EBSD sary dislocations (GNDs). ECCI and TEM imaging are direct-measurement techniques, whereas HR-EBSD and
EBSD XRD are indirect methods. Therefore, a quantitative comparison of the measurements obtained using these four
techniques on undeformed and deformed duplex steels is proposed. For low deformation, where the dislocation
density is quite small (1 — 5 x 10'® m™2), imaging methods are rather performant, whereas XRD measurements
suffer from high uncertainty levels. HR-EBSD measurements show results that are in good agreement with the
other methods for these deformation levels. For higher deformation levels (with dislocation densities above 1 —
3 x 10'* m~2), imaging methods are no longer relevant because of the increasing uncertainty arising from local
contrast variation and overlapping of dislocations. The different results obtained highlight the necessity of taking
a step back on each method used. Correctly defining what is to be measured (SSDs or GNDs), in which condition
(solid material or thin plate) as well as the parameters (pixel size, area, etc.) and their bias is essential, especially
if the objective is to use the measurement in a micromechanical model.

1. Introduction

The plastic deformation of materials comes from the ability of crystal
lattices to shear through the movements of dislocations. The interactions
of the different mechanisms of deformation are complex and depend on
each other. Their understanding is necessary, and a precise observation
of these phenomena must be performed in order to take them into ac-
count when building theoretical models at the microstructural scale
[1-4]. For example, Mecking et al. [5,6] and Estrin et al. [7,8] proposed
yield strength and hardening models using the dislocation density p as a
key parameter. Blaizot et al. [1,9] confirmed experimentally that
Mecking’s theory could be applied to describe the impact of the
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dislocation density on the yield strength in the case of nickel-based al-
loys, whereas Diano et al. [10] experimentally showed that the tensile
properties are mainly controlled by the grain size and dislocation
density.

Although different methods have been developed, experimental
measurement of the dislocation density in metallic alloys remains a
challenging task. Indeed, for each measurement method, experimental
artifacts induce non-negligible bias that must be considered. Beyond the
definition of dislocations from the crystallographic point of view, their
modelling implies concepts or units that differ from the metallurgical
ones at some point (e.g., expressing densities in m~! rather than m™2).

Dislocations in polycrystalline materials can usually be found either
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isolated, randomly distributed inside the cells or grains, or localized
close to grain boundaries to accommodate possible strain in-
compatibilities between the different grains. Other dislocations are
found to be organized into patterns, in the form of dislocation cells or
walls.

Therefore the total dislocation density pi is often decomposed as
[11,12]:

Pt = Pw t Pt P (@)

where py is the density of dislocations constituting the cell walls, p. is
the dislocation density randomly distributed within the cells/grains, and
pcg is the dislocation density present at grain boundaries.

Another description of dislocations is often given, namely geomet-
rically necessary dislocations (GNDs) and statistically stored disloca-
tions (SSDs), as presented by Nye [13], Cottrell [14], and Ashby [15].
GNDs play an important role in the strengthening effects of alloys
[16,17]. They are related to the deformation gradients arising from the
geometric constraints of the crystal lattice. These “same-sign” disloca-
tions induce lattice curvature, or local disorientation, and represent
dislocations more often located at grain boundaries or cells walls such
that the total amount of GNDs can also be expressed as pgnp = pw + PGB-
On the other end, SSDs are stored due to an accumulation process —
they trap each other randomly and do not produce significant disori-
entation [18]. These dislocations represent the random distribution of
dislocations, described by p,.. Hence, the total dislocation density is often
rewritten simply as

Prot = Penp T Pssp

The experimental determination of the dislocation density can be
achieved using different methods, including imaging methods such as
transmission electron microscopy (TEM), electron channeling contrast
imaging in the scanning electron microscope (ECCI), or diffraction-
based methods such as electron backscattered diffraction (EBSD),
high-resolution-EBSD (HR-EBSD), or X-ray diffraction (XRD).

It should be noted, however, that each method does not characterize
the same dislocation populations.

Dislocation imaging methods such as TEM or ECCI theoretically
allow the observation of all the dislocations in the analyzed volume. The
dislocation density is usually obtained by counting the visible disloca-
tions in the analyzed areas and applying a derivate of the general for-
mula pyr = L/V [19], where V is the analyzed volume and L is the total
dislocation length of visible dislocations. The main experimental bias
leading to measurement uncertainties involves the determination of the
probed thickness and thus the volume as well as the impossibility of
observing all the dislocations at once. Indeed, due to the invisibility rule
[20], only part of the dislocations are visible. Moreover, for dislocations
located at grain boundaries and organized in walls, counting individual
dislocations becomes rather difficult and inaccurate when they overlap/
start overlapping. Dislocation counting on TEM or ECCI images in such a
case is therefore a tedious task. To overcome this issue, a new meth-
odology was recently developed based on ECCI imaging. A series of ECCI
images are first recorded while rotating the sample and then automati-
cally analyzed using a clustering-based algorithm, from which the
dislocation density is derived [21,22].

EBSD is mostly used to characterize microstructures using orienta-
tion maps. Indeed, the GND density is then computed from the local
crystal curvature (through the local disorientation ) and the map step
size [7,13,23-25]. Although common, this approach is questionable.
The uncertainty of the crystallographic orientations limits the sensitivity
on GND densities, with the resulting disorientation axis being signifi-
cantly imprecise for low disorientation angles [26]. The weighed Bur-
gers vector method proposes to consider a kind of Burgers circuit in
order to reduce the imprecision at low disorientation angles [27];
however, only three components of the curvature tensor are considered
and the contribution of elastic strain is also neglected. The latter is
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nevertheless a reasonable assumption in plastically deformed metals
[28,29] but not in slightly disoriented materials such as in GaN single
crystals [29].

As a solution, the high (angular)-resolution EBSD (HR-EBSD) tech-
nique was developed under the impetus of Wilkinson et al. [30] and
recently experienced a revival with the emergence of global image
registration approaches [31-33], such as the method used in [34,35]. All
these methods apply digital image correlation techniques to a pair of
Kikuchi patterns in order to measure their relative displacement field
with subpixel accuracy. Coupled with the precise knowledge of the
projection geometry, the relative lattice rotation and elastic strain can
be captured with a typical accuracy of 107* (> 0.006°) under good
experimental conditions. The Nye’s tensor can then be calculated,
including the contribution of the elastic strains [36]. The complete
determination of this tensor, however, remains limited by the two-
dimensional nature of EBSD measurements, hence the growing inter-
est in 3D HR-EBSD studies such as those in [37]. The higher accuracy of
HR-EBSD techniques as compared to an indexing-based GND derivation
is associated with practical considerations limiting its wider use: the use
of a high-resolution camera with longer exposure time and large data
collection (15-20 GB for the maps used in this article), with each
diffraction pattern being stored for the subsequent numerically intensive
data post-processing. Therefore, identifying the cases of applications
where the method brings a real improvement compared to indexing, in
particular for deformed polycrystals, is crucial [34,38-40].

XRD is a more global measurement technique that is often performed
on a much larger volume, which, in the present case, will contain many
grains of both phases with different orientations, and this different
deformation behavior. The calculation of the dislocation density by XRD
is based on the broadening of the diffraction peak, which appears to be
more sensitive to the SSD dislocation type [12]. Indeed, the calculation
assumes the presence of ‘crystallite domains’ that would correspond to
the cell/structure. Therefore, dislocations present at cells or grain
boundaries would not be taken into account. This limitation was
experimentally confirmed by a direct comparison of TEM and XRD
measurements made on copper single crystals by Ungar et al. [41].

Nowadays, in order to get a correct measurement of the dislocation
population, the complementary use of diffraction and imaging tech-
niques is often performed [42,43]. However, the measurements do often
provide different results, and it is yet unclear how these results can be
used as input in micromechanical models.

This study is dedicated to the determination of the best methodology
to apply for the characterization of dislocation densities that can be used
as input in micro-mechanical modellings. The aim of the current paper is
(i) to present some quantitative measurements of dislocation densities
performed on the same duplex steel samples using four different char-
acterization techniques and for three different strain levels, (ii) to
discuss the measurement uncertainties of all the applied techniques, and
(iii) to discuss the link between the obtained results and the different
types of dislocations observed for each method.

2. Materials and methods
2.1. Materials

In order to better discuss the potential of each characterization
method (local and global), a two-phase alloy, whose microstructure is
therefore heterogeneous, was chosen as a study material. Observations
were made on a commercial hot-rolled Outokumpo 2101 lean duplex
stainless steel. This material was chosen as different dislocation densities
are expected in the two phases after deformation, and several mechan-
ical models exists to describe the plastic deformation of both phases
[44-46]. The selection of this material was motivated by the presence of
two phases, austenite and ferrite, in which the dislocations adopt very
distinct arrangements. Indeed, the dislocations appear straight with a
high contrast and variable thickness in the austenitic phase, which
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makes them easy to image. In the ferritic phase, in contrast, the dislo-
cations appear tortuous with a lower contrast, which makes them more
difficult to image. It is therefore interesting to study the performance of
measurement methods based on dislocation imaging (ECCI/TEM) for
this material and, more particularly, the R-ECCI method.

The evolution of the dislocation density was characterized in both
the ferritic and austenitic phases. Microtensile samples (total length
112.5 mm, width 12.5 mm, and thickness of 1.5 mm) were deformed
under an optical microscope using a Deben 2000E tensile stage. Using
standard digital image correlation (DIC), the deformation was deter-
mined on all points of the surface. One sample was deformed to 5% and
the other one to 10%. In the present study, the austenite grain size will
be affected by the appearance of martensite in austenite during
deformation.

For the ECCI and HR-EBSD measurements, the samples were me-
chanically ground, and the final polishing was performed using a 1-ym
diamond solution. To avoid any strain hardening of the surface, a final
electropolishing step was performed using A2 electrolyte (from Struers
APS, Denmark) at 20 V for 60 s with a Lectropol 5 device (Struers APS,
Denmark).

To allow for the TEM observations, the duplex samples were me-
chanically ground to obtain a thin sample of 50-pm thickness. Small
discs of 3-mm diameter were subsequently extracted by punching and
later electropolished using A2 electrolyte (from Struers APS, Denmark)
with a Tenupol-5 device (Struers APS, Denmark). A final ion-polishing
step was performed using PIPS-II to increase the observable area with
an acceleration voltage of 1.5 keV and angles of +4° for the ion beams
for 2 h.

For the XRD measurements, the samples were mechanically ground
down to a 1200P using SiC paper.

3. Methods
3.1. Transmission Electron Microscopy

TEM micrographs were acquired with a TEM JEOL 2100 LaB6
operating at 200 kV. For the dislocation density measurements, the
intercept method was used [47]. This method consists of drawing lines
of total length [ on the image (arbitrary lines or a regular grid) and
counting the number of intersections n with dislocations. The disloca-
tion density p is then calculated using the formula = 2%, where ¢ is the
analyzed thickness. The determination of t was achieved by measuring
the number of thickness fringes [48]. For a grain in a given two-beam
orientation, the probed depth z is proportional to the number of bands
N observed, and the extinction distance & related to the diffraction
vector used: z = (N—1) &,.

The observation of dislocations in TEM is possible in weak-beam
dark-field (WBDF) mode [49] or in bright-field (BF) mode. In both
cases, the crystal must be oriented in a two-beam (TB) [50] condition

(only one diffracting vector gpq ). Under these conditions, only screw
— —
dislocations with a Burgers vector b respecting the relation gyg. b # 0

are visible, whereas the condition for edge dislocations is ﬁ? X
U +# 0. As a result, for each orientation condition, different dislocations
might be invisible, and the density is then always underestimated when
determined from only one orientation condition. Therefore, for each
strain rate and for each phase, two to three grains of each phase were
oriented under several TB conditions.

3.2. R-electron channeling contrast imaging

SEM-ECCI observations were performed on a Zeiss Supra 55VP SEM
with an accelerating voltage of 20 keV, a 120-pm diaphragm, and a
working distance close to 7 mm. The SEM images were recorded with a
pixel size of 4.5 nm and a size of 1024 x 768 pixels.

Materials Characterization 199 (2023) 112842

A series of BSE rotation images were acquired following the pro-
cedure presented in [51,52]. For each pixel in the imaging series, the
intensity variation as a function of the rotation angle can be plotted and
is called the intensity profile. The main intensity profile of a given grain
is a signature of its crystallographic orientation [53]. For dislocation
pixels, the intensity profile close to the rotation angle corresponding to a
visibility condition will differ slightly from that of the corresponding
grains. A clustering algorithm, presented in [52], was developed to
calculate the intensity difference between every pixel and the mean
intensity profile of each grain, such that the nature of each pixel could be
identified: dislocation, matrix, or noise. The dislocation density p.y,s of a
given area is then calculated using the general formula p;,, =%, where L
is the dislocation length contained in the volume V. After data treat-
ment, the total number of dislocation pixels N s determined. The
total length of the dislocations is then calculated using

disto _ N % Ps
[dislo — o (2)
where E is the mean thickness of the dislocations (in pixels) and Pg is the
pixel size in nm. E is defined as

E = E" /P, 3

where E*” is the apparent dislocation width in nm, which is manually
determined from the imaging series. The dislocation density rho is ob-
tained from the following relation:

Ndislo x P Ndislo X P2 Ndislo
= > = S = “

T SxtxE N x P2 xtxEw Nt xtx Ewr

p

where t is the analyzed sample thickness (in nm) and S is the analyzed
surface in nm?2 N is the total number of pixels in each image series.
Therefore, the dislocation density p only depends on E®P measured
manually from the image and on ¢, the analyzed thickness. The value
selected for the interaction depth is 3¢, (approximately 93 nm for 200 in
ferrite and 114 nm for gapp in austenite), in agreement with the pre-
dictions made by Zaefferer from ECCI simulations [54].

3.3. EBSD and high angular resolution EBSD

EBSD was conducted using the same microscope as that used for the
R-ECCI acquisitions. Electron backscatter diffraction patterns (EBSPs)
were obtained using an EBSD Symmetry camera (Oxford), an accelera-
tion voltage of 15 kV, an exposure time of 32 ms, an aperture of 60 pm,
and a pixel size of 50 nm. The EBSP images were averaged by 3 to
enhance their signal-to-noise ratio in view of the subsequent HR-EBSD
analysis.

The latter is based on a global image registration approach imple-
mented in ATEX software (developed at the University of Lorraine) [55].
EBSPs are considered as a whole, through a unique and large region of
interest, whose relative deformations are modelled by linear homog-
raphy [34]. Often used in computer vision to describe projections, the
latter is measured by an iterative inverse-compositional Gauss-Newton
algorithm, modified to integrate a correction of optical distortions
caused by camera lenses [56]. The reader is also referred to chapters 3 to
5 in [35] for further details.

The Nye’s dislocation tensor is computed according to the
Nye-Kroner theory [13,36]:

a = curl e +tr(k,).] — &7, (5)

where ¢ is the elastic strain tensor and k. is the lattice curvature. These
curvatures can be approximated using a finite difference scheme:

Kij = Aw,-/A,g, (6)

where Aw; is the difference of rotation w; (with respect to the axes of the
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basis) between two neighboring points separated spatially by Ax; in the
j-th direction. Thus, the GND densities obtained by EBSD or HR-EBSD
depend on the step size [57,58], which will be further discussed later
in this study.

Regarding the HR-EBSD technique, relative lattice rotations w; be-
tween the reference and the target as well as the elastic strains are
directly obtained. For standard EBSD, the contribution of elastic strains
is unknown and simply omitted while the lattice rotations w; are derived
from the Euler angles [23]. Given two points “A” and “B” of the material,
their respective orientation matrices g4 and gg are computed, and the
disorientation angle Ad is then deduced:

Ky _
Al = mkin {arccos (% ) } ) Q)

where Agk is the “disorientation” matrix for the k-th symmetry of the
crystal. This disorientation is decomposed into three rotations w; with
respect to the axes X; of the sample frame:

AO

i = — e Agy
v Cik-28i 2.s5in(A0)’

®

where e;j is the permutation symbol of Levi-Civita. The lattice rotations
are evaluated considering the same reference point as in the HR-EBSD
analysis. On the one hand, the location of this reference is not impor-
tant from a strictly mathematical point of view, with the calculation of
the Nye tensor implying spatial derivatives. On the other hand, the grain
internal disorientation angle is generally smaller between neighboring
pixels. As mentioned in the introduction, this factor is detrimental to the
accuracy on the disorientation axis [26] and the rotations w;
accordingly.

For both EBSD and HR-EBSD, only a partial computation of the Nye’s
dislocation tensor is possible. Indeed, the latter implies spatial de-

—
rivatives along the surface normal direction (X3 ), which are unknown
due to the two-dimensional nature of EBSD measurements:

der Oes ey deny Oen  Oenn | [Own  Ows Wiz
().X3 0x2 ox 1 0X3 a.)Cz 6x1 a.)C3 (3x2 ox 1
a= % _On Ot Oen Oew Oem| | Own  Ows  Own
0X3 6x2 0x 1 6X3 a)Cz axl 0)@ 0)( 1 (3x;
Oen Oezy Oey O dey  Oen Iwso s
Ox; Ox, Ox; Oxy Orv, Ox; 0x3 0x3
where
Wi = — €W, (10)
ie.,
Wy = W3 = —Wn3
Wy = W3 = —W3; . 1
W3 =Wy = —Wp2

As a consequence, only the aj3, @23, and az3 components are fully
assessable [23-25]. The a2 and ay; components are determined by
neglecting the contribution of elastic strains, which is partly unknown.
Finally, the components a3; and a3y are not computable, with neither
the contribution of lattice curvatures nor that of elastic strains being
fully assessable.

In this study, both EBSD and HR-EBSD results are discussed from the
norm of the estimated Nye’s tensor. Its a;; components having units of
inverse length are divided by the norm b of the Burgers vector to express
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Table 1
: Summary of diffraction vectors used to characterize the three austenite grains
and three ferrite grains, for different strain rates.

Austenite Ferrite
Sample Sample Sample Sample Sample Sample
1 25% 310% 1 2 3
0% 0% 5% 10%
. . (111) _ (101) (011)
— 110
Dl‘f,féff;:g (220) 81(1))) (111) (110) (100) EZTl;
(311) (112) (211)
Diffracting - (110) (110)
_ 11 _ 11 11
vectors (1) (111) a0 (020) (110) (110)
. . (111)
Diffracting (202) - _ _
vectors (1) (T10) (117) (01T)
(311)
a GND density in m ™%
1
Ponp = 7 V- Ay 12)

3.4. X-ray diffraction

The XRD experiments were conducted using a Bruker D8 Advance
diffractometer equipped with Mo-Ka radiation (Ag, = 0.7093 A), aZr
filter to absorb the Kj radiation from molybdenum, a 1-mm collimator,
and a Lynxeye linear detector.The goniometer was operated in a 6/6
configuration: the X-ray tube and the detector move symmetrically
while the sample remains horizontal in a fixed central location. Esti-
mation of the crystallite size, D, as well as the microstrain, RMS (root
mean square), was obtained by XRD line broadening using the Popa
model integrated in the software MAUD.

XRD diagrams were fitted with a pseudo-Voigt function in the soft-
ware MAUD [59]. Instrumental parameters for the fit (Caglioti param-
eters, Lorentzian/Gaussian ratio) were determined on a standard NIST

owy;

ox,

Owyy

0x, ’
Owps
“ox,

©)

ows,
0x2

powder of hexaboride of lanthanum (LaBg). The formula proposed by
Murugesan et al. [60] for the dislocation density calculation was used.
The dislocation density p can be decomposed into two contributions:

12

p=1(pp xps)", as

where pp is the domain contribution p, = 2 and pg is the deformation
I k(@) K(@)VE . . .
contribution pg = —#+ = —-Z{—with the material constant k, crystallite
size D, RMS micro strain (¢7),and Burgers vector b (here, b = %). All the
uncertainties were calculated from the formulas given by Murugesan
etal. [61].

4. Results
4.1. Transmission electron microscopy

For each strain rate and for each phase, two to three grains of each
phase were orientated in several TB conditions. All the gy diffracting
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vectors used for the analysis are listed in Table 1. The acquisition of
dislocation images on the 10% deformed sample was difficult because of
the strong disorientation present in the grains (~ 5°-6° for the most
disoriented areas), and fewer diffraction conditions were observed for
that sample. To limit the underestimation, the dislocation density
selected for each grain was recorded as the maximum one measured in
the different orientation conditions.

The analyzed area slightly varied for the different samples. For the
5% and 10% deformed grains, the average image area was 0.5 and 0.3
pm?, respectively, whereas it was 3.5 pm? for the undeformed sample.
Indeed, for high deformation levels, the disorientation within each grain
increases. Therefore, contrast conditions vary rapidly, and the observ-
able areas on each image are reduced. Moreover, with increasing
dislocation densities, dislocation overlapping increases. It is then
necessary to enhance the magnification in order to achieve sufficient
resolution to distinguish the dislocations from each other.

Figure 1 presents typical TB TEM micrographs obtained in austenite
and ferrite for undeformed samples and samples deformed at 5% and
10%. The dislocations appear in black on a white background.

In the undeformed state, only a few dislocations are observable in the
austenite in Fig. 1(a). The density seems higher in ferrite (Fig. 1(b)),
where dislocations appear as points or lines, which reveals that their
orientation in the grain is random. After 5% deformation, the number of
visible dislocations greatly increased. In Fig. 1(d), the dislocations in the
5% deformed ferrite have clustered and become more tortuous. The
overlapping of dislocations is important, as in the deformed austenite
(Fig. 1(c)). For the 10% deformed sample (Fig. 1 (e) and (f)), it was quite
difficult to image dislocations over large surfaces because the important
disorientation locally modifies the contrast conditions. However, there
is not much difference in the resulting micrographs compared with the
5% deformed sample. It is necessary to recall that the local thickness of
the diverse thin foil is quite different. For example, for the deformed
ferrite at 5%, it was measured to be 220 + 37 nm, whereas it was 146 +
37 nm for the 10% deformed sample (Fig. 1 (d) and (f)). Thus, a direct-

Undeformed Austenite
T -

0.5 um =—

Fig. 1. TEM image acquired on different grains. For each image, the dislocation
lines are visible in black on a white background. (a) Undeformed austenite
grain. (b) Austenite grain in sample deformed at 5%. (c) Austenite grain in
sample deformed at 10%. (d) Undeformed ferrite grain. (e) Ferrite grain in
sample deformed at 5%. (f) Ferrite grain in sample deformed at 10%.
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Table 2
: Mean value of the dislocation density (m~?) obtained on ferrite and austenite
grains for different strain rates measured from TEM imaging.

0% 5% 10%

(1.4 £ 0.3) x 10*
(1.2 +£0.2) x 10*

(6.7 +1.0) x 10*®
(5.7 £ 0.8) x 10*®

(1.1 £0.1) x 10*®
(1.2 +0.1) x 10*®

Austenite
Ferrite

eye comparison of the images can be misleading.

The dislocation densities were determined using the intercept
method. The maximum values for each deformation level and phase are
presented in Table 2.

The dislocation density was measured to be similar in both phases. As
expected, the dislocation density increased with deformation, with a
slightly more rapid increase in austenite compared to ferrite, as
austenite deforms before ferrite [62]. After 10% deformation, the
dislocation densities measured in ferrite and in austenite were approx-
imately 10 times higher than before deformation. However, in the 10%
deformed sample, it was very difficult to observe the dislocations on a
large surface in a single image because of the deformation but also
because of the thin foil, which was slightly twisted. This issue added to
the difficulty of observing the dislocations but also to the measurement,
especially at the top of the image of the 10% deformed ferrite (Fig. 1(f)).
For this reason, the measurement uncertainty increases for the latter
values, as it becomes problematic to distinguish dislocations from each
other because of the overlapping of dislocations and the rapidly
changing observation conditions as well as the uncertainty of the
volume.

4.2. R-ECCI and clustering

The ECCI method allows the observation of dislocations in white on a
black background. In the received state, Fig. 2(a and b), the dislocations

Austenite Ferrite

Undeformed sample

Austenite

Austenite

10% deformed sample

Fig. 2. BSE image acquired with an accelerating voltage of 20 keV, aperture of
120 pm, and pixel size of 4.5 nm. (a), (c), and (e) show three austenite grains
present in an undeformed, 5% deformed, and 10% deformed sample, respec-
tively. Similarly, images (b), (d), and (f) show three ferrite grains present in an
undeformed, 5% deformed, and 10% deformed sample, respectively.
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appear as straight lines or as dots, indicating that they are rather parallel
or perpendicular to the surface, respectively. Moreover, at first sight,
there would be more dislocations in the ferrite in the ECCI images (Fig. 2
(b)) than in the TEM images (Fig. 1 (b)), which could be due to the
smaller thickness observed in the TEM images. In austenite, after
deformation, the dislocations appeared as straight lines and were mainly
aligned along the {111} planes, Fig. 2(c) and (e). The high concentration
of dislocations in the 10% deformed austenite (Fig. 2(e), blue arrow)
resulted in a large variation in contrast, especially at the grain bound-
aries, making it difficult to detect dislocations using the clustering al-
gorithm. In contrast, the dislocations in the ferrite in Fig. 2 (b, d and f)
are more tortuous and appear to have random directions, including in
the deformed cases, Fig. 2 (d and f). Moreover, the contrast variations
are already visible after 5% in the deformed ferrite, Fig. 2 (d), and
become even more significant after 10% deformation (as indicated by
the red arrows).

After analysis, the detected dislocations were represented as green
pixels on a dark matrix, as shown in Fig. 3 (b), (d), and (f) for the un-
deformed, 5% deformed, and 10% deformed sample, respectively. The
dislocation density calculated by the clustering algorithm was (1.5 +

BSE Image

Dislocation density= 1.5 x 1
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0.1) x 10'3 m~2 for undeformed austenite (Fig. 3 (a) and (b)), for which
almost all dislocations were detected. This first case illustrates the
effectiveness of the algorithm when the dislocations are distinct with a
good contrast with the grain. For the ferrite after 5% deformation, the
BSE image in Fig. 3 (c) shows more clustered dislocations that are more
difficult to distinguish (blue circle). In that area, some dislocations are
not indexed by the algorithm, Fig. 3 (d), and a local underestimation of
the density is expected. Moreover, in certain other areas, the large
amount of dislocations creates local disorientation that affects the
contrast (yellow arrows). After analysis, these areas appeared as a large
cluster (yellow arrows) that was much thicker than the true thickness
relative to the apparent width of the dislocations (Fig. 3 (c)). This
probably leads to a local overestimation of the density. As a result, for
this ferrite grain, the density was measured to be (5.6 + 1.0) 108 m_z,
see Table 3.

Finally, an austenitic grain subjected to 10% strain is displayed in
Fig. 3(e). This grain is highly disoriented, resulting in significant
contrast variations in the grain (red arrows). Although the dislocations
present in austenite are easier to image using ECCI than those in ferrite,
austenite deforms before ferrite, such that the dislocation densities

Fig. 3. BSE image acquired with an
acceleration voltage of 20 keV, an
’ " aperture of 120 um, and a pixel size of
r‘ » Fi ‘ 4.5 nm. (a), (c), and (e) show an un-
¥ - = deformed austenite grain (a), a ferrite
e T grain present in a sample deformed at
A 5% (c), and an austenite grain present
in a sample deformed at 10% (e). Im-
ages (b), (d), and (f) show the results
obtained using the clustering algo-
rithm, where the detected dislocations
appear in green, and the densities thus
measured on the grains (a), (c), and
(e), respectively. Only the pixels in the
red box in (b) and (d) were considered
for the calculation of the dislocation
densities. The blue circles highlight the
areas where information was lost and
all dislocations are not detected or
only partially detected. The yellow
arrows indicate the areas where dislo-
cations are detected but much thicker
than in the BSE images. (For interpre-
tation of the references to colour in
this figure legend, the reader is
referred to the web version of this
article.)

"" o

‘ ‘
Detected dislocation
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Table 3
: Mean value of the dislocation density (m~?) obtained on ferrite and austenite
grains for different strain rates measured from ECCI imaging.
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Table 4
Average value of the dislocation density (m~?) obtained with the norm of the
Nye tensor in ferrite and austenite grains for different strain rates.

0% 5% 10%

0% 5% 10%

Austenite
Ferrite

(7.4 £ 1.5) x 10*3
(5.4 £ 1) x 10'3

(4.5 +1.0) x 103
(5.6 + 1) x 103

(1.5 £ 0.1) x 10*®
(2.5 +0.1) x 10*®

Austenite (3.3+1.2) x 10*

(2.1 +£0.9) x 10*®

(2.1 +£0.8) x 10*
(1.1 £ 0.5) x 10*

(1.2 +£0.7) x 10*

Ferrite (4.6 + 1.4) x 10"

quickly reach values that are no longer measurable by clustering.
Indeed, the dislocations form cells and become difficult to distinguish
from each other. As with the previous ferritic grain, the clustering al-
gorithm finds areas where all the dislocations are merged (yellow arrows
in Fig. 3(f)), which results in an overestimation of the density. These
“large clusters” partly stem from the strong contrast variation but also
from the proximity or overlapping of the dislocations. Moreover, for
certain areas, there is an information loss (blue circles). For this sample,
the clustering is more efficient in the center of the image than on the
edges because of the more important disorientation at the grain
boundaries. For all these reasons, the obtained value of (7.4 &+ 1.5) x
10'3 m 2 seems underestimated. In that case, and for comparison’s sake,
single ECCI images were used and the dislocation densities were
measured manually. The measured density for the 10% deformed
austenite is (1.3 £+ 0.4) x 104 m’z, which confirms that this density is
well beyond the current limits of the method.

4.3. Electron back scattered diffraction

Several EBSD acquisitions were performed for each strain rate. The
areas selected generally covered both phases and contained interfaces or
grain boundaries, where deformation is known to localize for this type of
alloy. Note that the investigated areas were rather small (5 x 5 pm
maximum). The acquisition time was limited to ~23 min per map, as the
high sensitivity of the HR-EBSD technique can result in image drift
becoming visible for longer acquisitions.

The orientation mappings were post-processed in a standard way by
assessing the norm of the Nye tensor from the Euler angles. The so-
obtained GND density maps are presented in Fig. 4, bottom row, and
will be further discussed in light of the HR-EBSD measurements.

To obtain a dislocation density value that could be compared with
that determined using the other used methods, average values were

Derformed at 5%:

Underformed:

(a)

1 0113 m—l 1 u'l-l

Derformed at 5%:

calculated for each grain and are listed in Table 4. With increasing
strain, the density in austenite (red in Fig. 4, top row) evolved faster than
that contained in ferrite (blue), which is consistent with the known
deformation of austenite before ferrite [62].

4.4. High resolution-electron back scattered diffraction

An HR-EBSD analysis was then conducted on each of the previous
EBSD data sets. The strain concentration at the grain boundaries for both
phases is more clearly observed from the GND mappings in Fig. 5.

As for EBSD, the dislocation density was averaged at the grain scale,
and the values are summarized in Note that the largest discrepancy
between EBSD and HR-EBSD is observed at 0% strain in austenite, where
the value obtained by EBSD is twice as high as that obtained by HR-
EBSD. Although this large gap is not observed in ferrite, it is not sur-
prising that it is associated with the sample with the lowest grain in-
ternal disorientations. As previously mentioned, the uncertainty on the
disorientation axis derived from Euler angles is maximal.

Table 5. Overall, both the EBSD and HR-EBSD techniques agree quite
well; however, the average GND density obtained by EBSD is always
higher than that obtained using HR-EBSD. This difference is attributed
to the noisier character of the maps derived in Euler angles (Fig. 4),
whereas the measurement uncertainty is estimated to be 1.1 x 10'® m—2
with HR-EBSD (minimum of GND obtained).

This noise is particularly visible in Fig. 4g, where the continuous red
lines (indicated by black arrows) do not correspond to any obvious
dislocation structure that the sensitivity of the HR-EBSD technique to
orientation changes would have detected in Fig. 5g. This difference is
also confirmed by the absence of such marked features in the virtual
backscatter electron diode image in Fig. 6(a), although its contrast is
very sensitive to orientation changes as well (see [34] for further de-
tails). Note that this approach only provides qualitative information,

Derformed at 10%:

Il Austenite
10% I Ferrite

Fig. 4. Example of EBSD phase maps (top line, with austenite in red and ferrite in blue) obtained on undeformed, 5% deformed, and 10% deformed steel samples.
Norm of Nye tensor map obtained by EBSD (bottom line). (For interpretation of the references to colour in this figure legend, the reader is referred to the web version

of this article.)
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Underformed: Derformed at 5%: Derformed at 5%: Derformed at 10%:

(a) (c)

10" m- 10

LY

'Zm

[ ] Austenite
Il Ferrite

10 2x10

Fig. 5. Example of EBSD map (top line) obtained on undeformed, 5 and 10% deformed steel samples. GND-map obtained by HR-EBSD (bottom line).

Table 5
Average value of the dislocation density (m~2) obtained using of HR-EBSD on
ferrite and austenite grains for different strain rates.

0% 5% 10%
Austenite (5.6 +1.1) x 10*® (1.7 £ 0.2) x 10* (2.6 £ 0.2) x 10
Ferrite (4.2+1.1) x 10 (8.6 + 1.5) x 103 (1.9 £ 0.2) x 10™

whereas the HR-EBSD technique is quantitative.

The aforementioned red lines in Fig. 4g originate from a discretiza-
tion of orientations by the indexing software. Indeed, they superimpose
with the relative rotation wy within the grain derived from Euler angles
in Fig. 6(b), which locally presents discontinuities of the order of 0.2°, in
agreement with the angular resolution of the indexing techniques. Note
that the considered axis here is parallel to the image height; however, its
use is not relevant for the purpose. The objective is to underline that
knowledge of the disorientation axis is essential for the accurate
assessment of GND densities (because a tensor is to be computed). For
this reason, these artifacts are less visible from the disorientation angle
in practice (not shown here), as the latter does not carry information
about the axis.

2 pum

1 0.8 0.6 0.4 -0.2

(b)ff,

Note that the largest discrepancy between EBSD and HR-EBSD is
observed at 0% strain in austenite, where the value obtained by EBSD is
twice as high as that obtained by HR-EBSD. Although this large gap is
not observed in ferrite, it is not surprising that it is associated with the
sample with the lowest grain internal disorientations. As previously
mentioned, the uncertainty on the disorientation axis derived from Euler
angles is maximal.

Overall, the average GND density obtained by HR-EBSD follows the
same trends as that obtained using EBSD. Between the undeformed
sample and the 5% deformed sample, the dislocation density in ferrite
increases by a factor of 2, whereas in austenite, the evolution is 3 times
faster. This slower increase in ferrite for the initial stages of the defor-
mation is consistent with austenite deforming first. However, between
the 5% deformed and 10% deformed stage, the dislocation density in the
austenite continues increasing but at a slower rate than in the previous
stage (from a factor of 3 to 1.5), whereas that in ferrite has a slightly
higher increasing factor (increasing from 2 to 2.2).

4.5. X-ray diffraction

XRD patterns obtained for the 0%, 5%, and 10% deformed samples

0.2 0.4 0.6 0.8 1e

Fig. 6. (a) Virtual forescatter electron diode image computed from the Kikuchi patterns stored for the HR-EBSD analysis. (b) Relative rotation around the second axis
of the sample frame. These rotations are computed from Euler angles relative to a reference point within each grain (indicated by the white cross).
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Fig. 7. Experimental XRD patterns for 0%, 5%, and 10% deformed samples.

Table 6
Average value of the dislocation density (m~2) obtained using XRD on ferrite and
austenite grains for different strain rates.

0% 5% 10%
Austenite (4.0 +10.7) x 103 (1.7 £ 0.3) x 10™ (1.8 £0.3) x 10™*
Ferrite (6.1 +£13.1) x 103 (7.6 + 4.6) x 103 (9.0 + 2.6) x 103

are presented in Fig. 7.

The dislocation densities obtained for ferrite and austenite grains for
different strain rates are summarized in Table 6.

The measurement uncertainties on the undeformed sample are on
the order of 200%. This is because the RMS microstrain (¢?) is included
in the curve-fitting parameters and is difficult to obtain accurately on the
undeformed sample. In the deformed sample, the RMS microstrain (¢7) is
higher and can be more precisely determined. Thus, its uncertainty
drops by a factor of 10, and the global measurement uncertainty is then
three to four times smaller.

During deformation, the dislocation density present in the austenite
measured by XRD increases faster than that present in the ferrite, which
is consistent with the deformation mechanism of a duplex steel [62]. For
instance, the density in austenite is measured to be twice higher than
that in ferrite after 5% and 10% deformation. After 10% deformation,
the density does not evolve much compared with the 5% deformation
case for both phases. For the austenite phase, the austenite grains were
partly transformed into martensite. Thus, the crystallite size D was
overestimated in this sample and the dislocation density present in the
10% deformed sample may be underestimated.

5. Discussion

All the methods presented here do not measure the same type of
dislocation (p¢, pw, pga). Moreover, each method has its own limitations
and uncertainties, and it is thus important to compare them carefully.

Each measurement method relies on different computational means
based on diffraction, disorientation, channeling contrast, or manual
dislocation counting. Fig. 8(a) shows a schematic representation of the
dislocation configuration that can be observed within one grain (group
of random dislocations p,, dislocation cell p, dislocations grouped at the
grain boundary pgp).

XRD measurements enable the measurement of disorientations
within what is defined as crystallites, Fig. 8(b). This means that the
dislocations close to the grain boundaries (pgg) or grouped in cells (py,),
which are the main source of GNDs, will not be considered when
calculating the dislocation density. Moreover, a crystallite is defined as
an area showing a low disorientation; it can be a grain but also a
dislocation cell. Therefore, dislocation cells will be seen as grains using
this method. The size of the crystallite is often very complicated to
determine [63] because it can vary enormously from case to case and it
becomes difficult to calculate the size precisely if the shape of the
crystallite [64] or the deformation [65] becomes anisotropic.

For TEM and ECCI imaging methods, dislocations are theoretically
all visible; however, it is often very difficult to distinguish dislocations
near grain boundaries as the disorientation is important and the con-
ditions for observing dislocations change rapidly, Fig. 8(c). Moreover,
imaging methods give images projected on a surface, and overlapping
dislocations, such as at those present at grain boundaries or cell walls,
cause a non-negligible uncertainty [52]. In practice, these methods were
applied at the center of the grain (relatively far from pgp) and cannot
accurately measure the number of dislocations in cells or walls (py). For
this reason, the densities measured by imaging can be considered to be
mainly dislocations isolated from the dislocation clusters (p.).

For the EBSD or HR-EBSD methods presented Fig. 8(d), the relative
rotation and elastic strain fields are measured, and using these fields, a
GND density is derived. The most influential parameter on the results is
the pixel size used. As demonstrated by Jiang et al. [57], the dislocation
density can vary by an order of magnitude when the pixel size is
doubled. Indeed, if the maps are acquired with a very fine step, as in
Fig. 8(d)(left), the dislocations will be discernible and will be defined as
GNDs. However, if a larger step is used (as in Fig. 8(d)(right)), some
dislocation clusters could have their Burgers vector opposed and no
longer cause lattice rotation. These dislocations will then be considered
as SSDs. As specified by Jiang et al. [57], these variations in the
measured density are the consequence of a change in the threshold
defined between SSDs and GNDs.

A quantitative comparison of all the measurements results is pre-
sented in Fig. 9. The values obtained for the 0% sample remain of the
same order of magnitude regardless of the method, although the XRD
measurement uncertainty is very high (270.9%, calculated using the
method of Murugesan et al. [61]).
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Fig. 8. Grain pattern with several cases of dislocations observable: dislocation
cluster, isolated dislocation, dislocation cell, dislocation cluster present in
particular planes. (a) Real case and (b) Illustration of dislocations analyzed by
XRD and the crystallite size used. (c) Illustration of dislocations analyzed by
TEM/ECCI imaging methods. (d) Two cases illustrating what the HR-EBSD
method can distinguish depending on the pixel size used (very fine pixel size
on the left and a larger pixel size on the right).

After 5% deformation, a higher dislocation density is expected in
austenite compared to that in ferrite. The XRD and HR-EBSD results are
similar to each other, and both indicate a dislocation density that is
twice as high in austenite as in ferrite for this state (approximately 1.7 x

10
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10'* m~2 and 0.7 x 10** m~2, respectively). However, imaging-based
measurements such as ECCI and TEM indicate smaller densities of
approximately 5 x 10'® m~2 for both phases.

For the 10% deformed sample, ECCI measurements were not possible
as the density was higher than the acceptable measurement range. All
the other three methods reveal a large increase in the dislocation den-
sity. HR-EBSD gives the highest dislocation density with (2.6 &+ 0.2) x
10" m~2 for austenite and (1.9 + 0.2) x 10**m~2 for ferrite. In contrast,
the TEM imaging results indicate a similar density for both phases with
(1.2 + 0.2) x 10"*m~2 for ferrite and (1.4 + 0.3) x 10™m 2 for
austenite. Finally, the XRD measurements resulted in different densities
for both phases with (9.0 + 2.6) x 10"3m 2 for ferrite and (1.8 & 0.3) x
10'*m~2 for austenite. These values are very close to those measured in
the 5% deformed sample, which is quite surprising as the dislocation
density was expected to increase between these two states.

We should note that the TEM, ECCI-based, and EBSD/HR-EBSD
methods are all local measurement techniques that will provide data
on a limited number of grains. In a polycrystalline material, the defor-
mation process of individual grains is dependent on their relative
orientation to the loading geometry and on their relative neighborhood.
This is of particular importance in the present case as the steel is a bi-
phased material. It is expected that the deformation process at in-
terphases grain boundaries will be different than that at single phase
grain boundaries.

5.1. SSD measurement (TEM; ECCI and XRD)

As explained before, we consider that ECCI and TEM observations
provide mostly a determination of the SSD dislocation density. [66] Both
methods are very local, therefore, one can expect similar measurements
from both techniques. It is the case, considering the uncertainty of both
measurements. However, we observed that for higher dislocation den-
sities, and specifically for the 10% deformed sample, the disorientation
within the grains and the dislocation overlapping made ECCI measure-
ment irrelevant while some values could still be obtained from TEM
measurements. We speculate that for those high-density values, it could
be possible with TEM to obtain images close to the thin foil hole, i.e. in
very thin areas, while the measurement depth is fixed for SEM-ECCI
measurements and depends on the accelerating voltage selected. For
ECCI measurements, the main uncertainty arises from the probed depth
determination. The probed depth was assumed to be equal to 3&; [54];
however, some authors have also reported values of 5& [67]. In the
present case, the choice of 3£, appeared to better reproduce the TEM
observations.

The XRD measurements indicate an almost similar dislocation den-
sity for austenite and ferrite deformed at 5% and 10%, which is not
representative of the microstructure expected. Sidor et al. [68] also
observed this saturation in XRD measurements in a cold-rolled
aluminum alloy. The densities obtained between two rolling steps
remained equal to (1.2 + 0.2) x 10'* m~2. This effect was explained by
the dynamic equilibrium between dislocation multiplication and anni-
hilation, resulting in a saturation of the dislocation density. However, in
the present case, all other measurements methods indicate an increase in
dislocation density between 5% and 10% deformation. In addition, the
transformation of austenite into martensite during deformation was not
taken into account. 316 L steels are mainly composed of austenite, which
transform into martensite during deformation, thus decreasing the size
of the crystallites, as shown by Han et al. [69] and Gubicza et al. [70].
The formation of this third phase in the steel studied here would
therefore reduce the crystallite size D of the observed phases, which
would increase the value of the density pp (in eq. (13) for the 10%
deformed sample.

XRD measurements are global measurements and should allow for
the determination of SSD densities, similar to TEM and ECCI. Indeed, Lee
et al. [71] reproduced a torsionally deformed copper sample using a
finite element method (FEM). These researchers were able to compare
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as a function of the deformation
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Evolution of the dislocation density in Austenite
as a function of the deformation
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Fig. 9. Comparison of dislocation densities measured using XRD, TEM, HR-EBSD, and R-ECCI for (a) austenite and (b) ferrite in undeformed, 5% deformed, and 10%

deformed samples.

their simulated value with the experimental TEM and XRD measure-
ment, which allowed them to conclude that the dislocation density
measured by XRD was located inside the cells, i.e. p.. Even if the un-
certainty in the measurement without deformation is very large for XRD
measurements, the determined values are in the same range as those
obtained by TEM/ECCI. The increase observed for 5% and 10% defor-
mation in the ferrite is in fairly good agreement with the results obtained
with the imaging techniques. However, for austenite, there is a much
larger discrepancy between XRD and the imaging techniques. The ob-
tained measurements are always slightly larger than those obtained
using ECCI/TEM. A first reason for this difference could be the invisi-
bility criterion, where only part of the dislocations can be visible at the
same time from ECCI/TEM measurements. Moreover, TEM and ECCI
measurements are subjected to surface effects. Surface dislocations are
always subjected to the image force, which tends to attract them to the
surface. There is a relaxation of the dislocation structure near the free
surfaces of the sample, which extends approximately 65 nm into the
sample, as demonstrated by Field et al. [72]. For TEM, the measure-
ments are performed on a thin foil with a thickness of approximately 146
+ 10 nm; therefore, the image force cannot be neglected, and the
dislocation density is underestimated. For instance, Kohnert et al. [73]
determined that the structure of a bec steel loses 40% of the dislocations
it contains once it is in the state of a thin foil.

5.2. GND measurement (HR EBSD and EBSD)

The HR-EBSD method enables the expected localization of the
deformation at grain boundaries to be visualized for this microstructure,
Fig. 5. This phenomenon, which is explained by the incompatibility of
the deformation between the two phases, is often observed in duplex
steels [74] but also in dual phase steels [75].

Taking the average GND density for these maps appears to be biased
as the disorientation is mainly located at the grain boundaries and there
are very few grains present in totality in the maps. Moreover, as the
results obtained using the two methods appear to converge for large
deformations, the significant data storage (approximately 15 GB per
map) and post-processing required by the HR-EBSD technique is no
longer justified, and standard EBSD may be preferred. This result is
observed because the uncertainty of indexing on the disorientation axis
becomes less critical as the angular disorientation increases. For this
reason, HR-EBSD measurements should be preferred at small deforma-
tion, where the contribution of elastic strains are not negligible and for

11

which the lower sensitivity of an indexing-based approach will prevent
fine dislocation structures from being observed and quantified. In
severely deformed materials, the degradation of the diffraction contrast
in Kikuchi patterns strongly degrades the accuracy of HR-EBSD mea-
surements. The slower acquisition speed and significant data storage
associated with this technique is therefore no longer justified. In be-
tween these two extremes, a synergy of EBSD and HR-EBSD is expected.
The former provides statistics while the latter can be applied to further
investigate local details of the microstructure.

Finally, one must be cautious in the interpretation of GND mappings,
especially when derived from Euler angles (EBSD). As pointed out in
Fig. 4 and Fig. 6, GND mappings are sensitive to orientation noise and
may present alleged dislocation walls, whereas they are artifacts. The
latter typically result from a discretization of orientations, which occurs
when using dictionary indexing techniques [76] or applying spatial fil-
ters (such as Kuhawara filters). Smoothing orientations to reduce noise
in GND mappings is also not advisable, with GND accounting for dis-
continuities in the crystal orientations. Regarding HR-EBSD analyses,
possible artifacts rather stem from drift during acquisition. Because of
the higher sensitivity of the method, drift may become visible in the
form of horizontal bands. The falsely associated GND density is, how-
ever, closer to the noise level than that observed in Fig. 4(f) with EBSD.

5.3. Discussion about the relative amount of GND and SSD

Although dislocation imaging by TEM or ECCI allows us to see both
GND and SSD dislocations, mainly the measurement of p. inside the
grains, i.e. mainly SSD was performed in this study. An average of the
XRD, TEM, and ECCI measurements is used to obtain a value of pggp,
which is compared to the measurement obtained by HR-EBSD, pgnp. In
Fig. 10, the pgnp and pssp densities are almost identical in the unde-
formed sample. During deformation, the GND densities increase faster
than the SSD densities, especially for the 10% deformed sample. This
result is consistent with the fact that the early stages of deformation are
driven by austenite, as described by Zhang et al. [62]. However, the
values obtained in the current study seem to contradict what is expected
from the literature. Zheng et al. [77] observed from a high-energy XRD
and TEM experiment in a pearlitic ferritic steel that the GND density is
10 times greater than the SSD density during deformation. In the 10%
deformed sample, the GND density is only twice the SSD density.
Furthermore, the factor of 2 measured for the 10% deformed sample
appears to be inconsistent with the mechanical model results reported
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Evolution of the dislocation density in Austenite
as a function of the deformation

4.5x10™
B Pggp
40x10™ 4 ® p =
GND
A ptntal
14
G~ 3.5x10
£
S— 14
>.30x10
&= .
< 2.5¢10™ »
©
S 2.0x10™
® ®
8 1.5¢10™ n
w
O 4 0x10™ N -
5.0x10™ =
| |
0.0 : : .
0 5 10
Strain

Fig. 10. Comparison of measured dislocation densities as a function of strain in (a) austenite and (b) ferrite in the undeformed, 5%, and 10% deformed samples. For
pssp, the average of the measurements was obtained using XRD, TEM, and SEM imaging; for pgnp, the measurement was obtained using HR-EBSD; and piota; is the sum

of pssp and penp-

by Zhi et al., namely the observation of approximately twice as many
SSDs as GNDs during deformation in a TWIP steel [78].

As a conclusion, to better describe the full dislocation population
(SSDs and GNDs), the complementary use of a diffracting method and an
imaging method seems the best solution. In practice, this can be done
using ECCI and EBSD / HR-EBSD on the same location, and with the
same sample preparation, in the SEM. This would allow the measure-
ment of p. on one side and of p,, and pgp on the other side.

5.4. Towards the prediction of yield stress

In multicomponent systems, the stress — strain curves can be

modelled using mixture laws that describes the plastic strains of each
phase. Bouquerel et al. [46] proposed an approximation that allows the
description of the flow stress of each phase oy, considering solid solution
strengthening (o;), grain boundary strengthening (H;/+/d;) and disloca-
tion strengthening og. [44]:
6, = 0; +H[/\/07;+a1Mfu,-b1\/ﬁ7,~ (15)
where or = a;Miu;b;\/p;where a; is the forest hardening coefficient of
each phase i, M; is the Taylor factor, y; is the elastic shear modulus, and b;
is the Burgers vector (for ferrite, it was considered that b; = by11).

Calculations were done for the ferritic phase at 0% deformation, see
Table 7. The model and the values of the constants used were taken from
the study by Chen et al. [44] When using the different values of the
dislocation density obtained by the different methods, the values of o
differ by 69 MPa between pcustering and pssp+cnp (see Table

The contribution due to SSD dislocations (TEM, ECCI-clustering and

Table 7
isotropic hardening obtained from the values of the different types of initial
densities measured in the ferrite.

po (m™?) or(MPa)
PClustering (2.5 £0.1) x 10"? 108 + 3
PIEM 1.2+ 0.1) x 10" 70+ 3
PXRD (6.1 +£13.1) x 10*3 159 + 124
PHR—EBSD (4.2 +1.1) x 10" 132 +£19
PEBSD (4.6 £1.4) x 103 138 +23
PSSD+GND 7.5 x 102 177
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XRD), [73] lead to an error of a factor two depending on the choice of
the characterization technique. However, for the determination of the
contribution of GNDs to the YS, it is relatively equivalent to use results
obtained from HR-EBSD or EBSD measurements. Finally, the variation of
the total value of o considering both GND and SSD contribution will be
of 55,1 MPa. This represents 11% of the value of ¢, for ferrite in this
case.

The determination of both GNDs and SSDs dislocations density can
be done by a combination of R-ECCI and EBSD measurements. This will
afford the best compromise in terms of sample preparation and obser-
vation time with measurement accuracy. This is of particular interest for
this type of multi component systems as the same areas can be charac-
terized using both techniques, and the large size of the samples can allow
to choose adequate locations to feed the models (inside grains, at grains
boundaries, at phase boundaries, etc....).

6. Conclusion

In this study, several approaches for measuring the dislocation
density in deformed and undeformed materials were compared. XRD,
EBSD, HR-EBSD, TEM, and ECCI imaging were used to determine the
dislocation density present in industrial steel samples composed of
austenite and ferrite phases for strain rates of 0%, 5%, and 10%.

The imaging methods saturate for densities above 10'* m2. The
density obtained by XRD is always high and not very accurate for low
densities. The HR-EBSD and classical EBSD methods appear to be more
versatile for all the observed densities, and the increase of the disloca-
tion density with the strain is well captured by EBSD and HR-HEBSD. At
the grain scale, the GND density obtained using both methods is very
similar. Locally, the dislocation structures and strain concentration are
better captured using the HR-EBSD technique.

Imaging techniques such as TEM and ECCI, as well as XRD, gave
mostly information about the SSDs.

EBSD and HR-EBSD mainly measure the GND density. In this case,
the EBSD and HR-EBSD measurements (GNDs) are always higher than
the TEM, ECCI and XRD measurements (SSDs), and they are located at
the grain boundaries.

The ratio between SSD and GND varies with the level of deformation;
for the highest deformation cases, there are twice as many GNDs as SSDs.
These differences directly affect the calculation of hardening in micro-
mechanical models and must be carefully selected.



J. Gallet et al.

The combination of ECC imaging together with EBSD measurements
can provide a full description of the dislocation population, and will
provide a relatively good accuracy from low to quite large densities
(1013—1015 rnz). Moreover, it can be performed on the same location,
and with the same sample preparation, which significates an important
time saving compared to other measurements.
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