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ABSTRACT: The crystallization behavior and the molecular
topology of bimodal molecular weight distribution (MWD)
polymers are studied using a coarse-grained molecular
dynamics model with varying weight fraction of short and
long chains. Extensive simulations have been performed to
prepare polymer melts and obtain semicrystalline polymers by
homogeneous isothermal crystallization. The incubation time
(the time elapsed before the establishment of steady-state
nucleation) is calculated, and the interfacial free energy is
obtained using a mean first-passage time analysis. The
incubation time first decreases with the weight fraction of
long chains, reaches its maximum at 30%, and then increases.
This results from the conflicting effects of interfacial free energy and mobility of chain segments. The interfacial free energy
decreases with the weight fraction of long chains, which is attributed to the transition from intermolecular to intramolecular
nucleation, whereas the chain mobility decreases with increasing long-chain content. Nevertheless, the growth rate of crystals
decreases continuously with the weight fraction of long chains, mainly resulting from reduced chain sliding diffusion. We have
provided insights into how bimodal MWD polymers promote both nucleation and processability. Moreover, a numerical
algorithm has been proposed, tracing each chain going back and forth among crystallites, to access quantitative data of
molecular topology (i.e., loop, tie, and cilia segments). It turns out that the concentration of loop and tie segments increases
with the increasing weight fraction of long chains. This could be important to understand the mechanical properties of
semicrystalline polymers.

1. INTRODUCTION

Nanostructured polymers such as semicrystalline polymers are
used in a broad range of applications.1,2 Earlier studies have
shown that the molecular topology of the amorphous phase is
extremely important for the tensile or compression behavior of
semicrystalline polymers, the fracture toughness, and the
resistance to slow crack growth.3−5 Molecular topology is
characterized by the number density of (i) tie chain segments
that span the interlamellar region and connect two different
crystallites, (ii) loop segments that start from one crystallite
and then fold back into the same one, and (iii) cilia segments
that start from one crystal face and end in the amorphous
region.6,7 Such topological features and the alternation of
crystalline and noncrystalline domains have formed the basis of
most molecular-level description of the semicrystalline state.8,9

Earlier works10−12 have reported that among all the possible
molecular topologies, tie segments, linking two adjacent
crystallites, are supposed to contribute most effectively to the
mechanical behavior of semicrystalline polymers.
The probability that different segments of a given chain are

incorporated into separate lamellae forming tie segments
depends on the length scale of the chain in the molten state
relative to the interlamellar distance. Huang and Brown’s
statistical approach appears to be the most appropriate one for

the assessment of tie molecules (TMs) and has aroused much
interest.4,13,14 Experimental investigations4,15−17 have also
inferred that molecular weight distribution (MWD) is a key
factor for the formation of TMs. Nevertheless, unimodal
MWD polymers made by traditional catalysis have conflicts
between their mechanical properties and processing behaviors:
improving mechanical performances by increasing the
molecular weight (Mw) usually deteriorates the processability
because of high melt viscosity.
More recently, thanks to the development of some novel

synthetic techniques, polymers with bimodal MWD have been
drawing an increasing attention, for instance, the application of
bimodal polyethylene (PE) for the transportation and
distribution of water and gas. The bimodal MWD material
consisting of both the high-molecular-weight fraction and low-
molecular-weight fraction provides more balanced perform-
ances for processing and mechanical behaviors because the
low-molecular-weight polymer chains promote the melt to flow
easily, whereas the high-molecular-weight fraction improves
the mechanical properties of the material.18 At present, there
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are two methods for directly producing bimodal resins: reactor
in series configuration or single reactor with dual-site
catalysts.6,19 Generally, it is difficult and expensive to directly
prepare bimodal resins in the laboratory.20,21 A melt blending
is better suited to prepare a series of bimodal MWD polymers
with variable molecular weight.22,23 For bimodal MWD
polymers, the research mainly focuses on the synthetic
techniques and characterization compared to unimodal
polymers.2,24,25 However, no experimental technique allows
to directly obtain quantitative data for the tie molecule
concentration or topology or to evaluate their exact
contribution to the mechanical behavior. The molecular
topology is therefore evaluated only indirectly by mechanical
testing,3,26 molecular simulation,6,27 or statistical analy-
sis.2,28−30 Furthermore, the crystallization behavior of bimodal
MWD polymers has rarely been reported,20,21,31 and the
influence of the MWD on the final molecular topology of the
obtained semicrystalline polymer has not been investigated.
The united-atom (UA) model and coarse-grained (CG)

model are widely used in the simulation of polymer
crystallization. UA dynamic simulations32,33 have been
performed for short-chain (20 methylene units) systems, and
it is found that an ordered phase was formed after the
induction period. However, the induction period was not
quantitatively provided in these works. The UA model is
mainly used with relatively short chain systems, and it is not
sufficient to simulate the growth of large lamellae. In the CG
model, the size of the system and the time scale involved are
large enough to fully address the problems of the size,
thickness, and shape of the lamellae as well as the molecular
topology. CG molecular dynamics (CG-MD) is also an
excellent tool to overcome difficulties of experimental
measurements and to study quantitatively the nonequilibrium
process of crystallization at the nanoscale. There are only a
couple of reports on bimodal MWD using Monte Carlo (MC)
simulation focused on polymerization.34−36 To the best of the
authors’ knowledge, very few CG-MD studies focus on the
effect of a bimodal MWD on the molecular topology and/or
mechanical properties. In this work, seven uni- and bimodal
MWD polymer systems have been prepared using CG-MD.
Extensive simulations of isothermal crystallization have been
performed, the nucleation behavior and crystal growth have
been investigated, and the final influence on the molecular
topology of the obtained semicrystalline polymer has been
addressed.
Section 2 presents the simulation methods and the

technique for the analysis of the topology. The results for

isothermal crystallization, nucleation, and molecular topology
are discussed in Section 3. Section 4 is devoted to conclusions
and perspectives.

2. METHODOLOGY
We use a CG polymer model28 where polymer chains consist
of “beads” representing a few structural units. All simulations
are performed in three dimensions using the open-source code
LAMMPS.37

2.1. Interaction Potentials. The model is based on two
potentials, where energy, length, and time units are given by ϵu,

σu, and τu, respectively (with τ σ= ϵm /u u u
2

u , where mu is the
mass unit). A finite-extensible nonlinear elastic (FENE)
potential models intrachain interactions of bonded beads
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with k = 30ϵu/σu
2, R0 = 1.5σu, ϵ = 1ϵu, and σF = 1.05σu. Note

that the value of σF is chosen such that VFENE(r = 1σu) is
minimum. All other interactions are modeled by a simple
Lennard-Jones (LJ) potential
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where ϵ = 1ϵu, rc = 2.5σσu is the cutoff radius, and σ is an
adjusted parameter of the potential that favors crystallization
and crystal stability for the FENE−LJ model chosen here. We
take σLJ = 1.888σu as proposed in our previous work,28 where
the polymer chains tend to align and form thermal stable
crystallites. In this LJ potential, σLJ is approximately twice the
bond length (c = 0.995). There is a large repulsive sphere
which pushes the beads to be aligned for the low-energy
purpose. In fact, the simple LJ potential acts as an angular
potential that helps to align the beads in the same chain.

2.2. Modeling Systems. As indicated in Figure 1a,
experimental bimodal MWD polymers have two dominating
chain lengths: a longer one and a shorter one. In order to
mimic a real bimodal MWD polymer, we incorporate in our
CG-MD simulations two types of chains: long chains with 500
units and short chains with 100 units (Figure 1b). To
investigate the isothermal crystallization mechanism of

Figure 1. (a) Density distribution, fw(Mw), as a function of the logarithm of chain molecular weight, log(Mw), for the polybutadiene binary blend
(from ref 38). (b) Binary polymer model proposed in this work.
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polymers and get insights into the strength of bimodal MWD
polymers, we have created seven systems of uni- and bimodal
MWD polymers with varying weight fraction of long chains.
For the record, there is the same total number of units in the
seven systems, that is, 100 000 (see Table 1).

2.3. Simulation Procedure. 2.3.1. Preparation of the
Polymer Melts. Polymer chains have been generated and
equilibrated using the radical-like polymerization method.39,40

This method starts with a LJ bath of Nmon monomers, with M
of them being radicals. At each growth step, each radical forms
a bond with a new monomer and transfers the radical to the
chosen monomer. At the end of the method, M chains of N
units are formed (for details, see our previous work40). The
system is then equilibrated during 5 × 105τu at T = 3.3ϵu/kB
and P = 0.5ϵu/σu

3 in the NPT ensemble. Mean-square internal
distance (MSID), radius of gyration, and end-to-end distance
are calculated to verify that all systems are well equilibrated, as
it will be demonstrated in Section 3.1 for the MSID. In this
way, we have created seven systems of uni- and bimodal MWD
polymer melts with targeted chain length as indicated in Table
1.
2.3.2. Isothermal Crystallization. After the preparation of

polymer melts, isothermal crystallization study has been carried
out on the seven systems according to the following procedure:
starting from an equilibrated melt at T = 3.3ϵu/kB, where it was
verified that no crystallization occurs, the temperature is cooled
down to the desired crystallization temperature of 2.3ϵu/kB
during 105τu (cooling rate: 10−5ϵu/kB/τu) and maintained
during 4 × 105τu. In our previous work,28 this isothermal
temperature (2.3ϵu/kB) has been chosen after an extensive test
campaign in order to maximize the size of the crystallites and
induce a fast growth of crystallites.
2.4. Classical Nucleation Theory and Mean First-

Passage Time Method. Classical nucleation theory (CNT)
method has been widely used to describe homogeneous
nucleation. In semicrystalline polymers, two types of crystal
interfaces with the melt are formed: chain-end or chain-folded
surface and side surface. For this reason, a cylinder model is
often assumed to describe the shape of nuclei. The free energy
of formation of a cylindrical crystal nucleus is given by

π σ π σ πΔ = + − ΔG r rl r l G2 22
e s

2
v (3)

where σs and σe are the interfacial free energies for the side and
end surfaces of a cylindrical nucleus of radius r and length l and
ΔGv is the Gibbs free energy difference per unit volume
between the crystal and melt phases. For deep supercooling, an
approximation of ΔGv is

41,42

ρΔ ≈ Δ −G H T T T T( )/v n f m m
2

(4)

where ρn is the bead number density and ΔHf is the melting
heat per bead at the thermodynamic equilibrium melting
temperature Tm. Maximizing ΔG with respect to r and l gives
the free energy barrier
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The critical nucleus size, measured in the number of beads,
is
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Several methods have been developed to characterize the
nucleation process from molecular dynamics (MD) simu-
lations. The approach by Wedekind et al.43 makes particularly
clear the link between the classical theoretical treatment and
the quantities available by MD simulation. This method has
been successfully applied to the simulation of nucleation in n-
alkanes before42,44 and is employed here. According to this
method, the mean first-passage time (MFPT) is the elapsed
time of forming the largest nucleus in the system. As long as
the critical free energy is relatively high (ΔG* ≫ kBT), the
MFPT of the largest nucleus size, τ(nmax), takes the following
form

τ τ π= *{ + [ − * ]}

+ − * [ + − * ]−

n Z n n

G n n C n n

( ) 0.5 1 erf ( )

0.5 ( ) 1 erf( ( ))
max max

1
max max

(7)

where τ* is the average incubation time, n* is the critical
nucleus size, G is the growth rate, Z is the Zeldovich factor,
and C is a large positive fitting parameter. The second term on
the right-hand side accounts for finite crystal growth rates of
postcritical nuclei. This method allows us to estimate n* and
τ* from MD simulations. Then after inserting n* into eq 6,
σs

2σe will be obtained. Because σs
2σe is directly related to the

free energy barrier (eq 5), we use σs
2σe as an indication of

interfacial free energy. More details about this method are
described in Wedekind43 and Rutledge.42

2.5. Analysis of Molecular Topology. In order to
quantify the crystallinity as well as the size distribution of
crystallites, our previous work has provided a novel algorithm28

based on hierarchical clustering. In this way, we are able to
detect all crystal clusters (i.e., crystallites). If the size of a
cluster is too small, clearly it is not stable and cannot be treated
as a crystallite. We have done some statistics on the size
distribution of clusters, and we found that clusters with size
less than 50 units are unstable over time. Moreover, at the end
of isothermal treatment, where the crystallization has been fully
achieved, very few clusters with size from 50 to 1000 have been
detected. There are mainly big crystallites (>1000) and small
nuclei (<50), which are far below the critical size. In other
words, large orientation clusters tend to form in the process of
isothermal crystallization. Evidently, small and unstable
clusters are not as important as big ones, and it is not wise
to pay much attention on small clusters. As a consequence, we
set the critical size of crystallites as 50, and clusters with less
than 50 units would be treated as an amorphous phase.
Regarding structure−mechanical property relationships, a

very important aspect is the molecular topology (essentially the

Table 1. Seven Modeling Systems of Uni- and Bimodal
MWD Polymers: Long-Chain Length Is 500 Units and
Short-Chain Length Is 100

systems
number of
long chains

number of
short
chains

weight fraction
of long chains

(%)
average molecular
weight ( M m/w u)

LC0 0 1000 0 100
LC10 20 900 10 108.7
LC30 60 700 30 131.6
LC50 100 500 50 166.7
LC70 140 300 70 227.3
LC90 180 100 90 357.1
LC100 200 0 100 500
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number density of loop, tie, and cilia segments, see Figure 2).
A topological segment is constituted by at least three units.

Segments of less than three units would be treated as a flaw
and integrated to the segments ahead and behind it. No loop
with size less than three units has been detected. Loop, tie, and
cilia have a size equal or higher than three. Apart from the
molecular topology, sometimes we also need to mention a
crystal segment in our following analysis, which is a crystal
stem across the edges of the crystallite (see Figure 2).
In this work, more features will be added in our new

algorithm to analyze the molecular topology of the systems.
Thanks to the molecular dynamics (MD) simulation, which

makes it possible to trace every single chain units going in and
out of crystallites, we propose a novel numeral topology
algorithm to evaluate the molecular topology of the systems
defined above. On the basis of the definition of the molecular
topology as mentioned above, loop, tie, and cilia segments can
be detected based on the trajectories of chain segments
attached to the outer surfaces of crystallites. Only one
exception happens because of the periodic conditions of MD
simulations. From Figure 3, we can see that crystallites 1 and 2

are actually one crystal because they are periodically
connected. In this case, both the blue and red segments go
back to the same crystallite and could therefore be considered
as a loop. However, the blue segment is better described as a
tie. In order to detect this particular case, we consider two
vectors at the ends of a segment entering the same crystallite. If
the vectors are in the same direction, it is a loop; if they are in
the opposite direction, it is a tie. Consequently, all the
segments of molecular topology and their sizes are
unambiguously recorded for further studies.

3. RESULTS AND DISCUSSION
3.1. Isothermal Crystallization. As explained in Section

2, seven systems of uni- and bimodal polymers have been built,

semicrystalline polymers have been obtained, and analysis of
the crystallites and molecular topology has been performed. In
this section, we evaluate the ability of these systems to
crystallize.

3.1.1. MSID and Rouse Time. Figure 4 shows the MSID
after the relaxation of 5 × 105τu at T = 3.3ϵu/kB. The
convergence of MSID curves indicates that all the seven
systems are well equilibrated after a period of 5 × 105τu
relaxation. There are poor statistics for system LC10, as
expected, because of relatively smaller number of long chains.
In this process of evolution, the end-to-end vector orientation
autocorrelation function (⟨Ree(t)·Ree(0)/(|Ree(t)|·|Ree-
(0)|⟩)) has also been obtained to calculate the Rouse
time.42,45 These results are shown in Figure 4d. From
autocorrelation function versus time, a characteristic relaxation
time is obtained. This relaxation time corresponds to the
Rouse time τR, with the assumption that hydrodynamic
interactions are screened in the melt. The inset of Figure 4d
shows that the Rouse time increases dramatically with the
weight fraction of long chains. In addition, the Rouse times of
systems LC50 and LC70 are comparable with their incubation
time (Figure 8a). We have quite fast nucleation here. Rutledge
et al.42 have also found the consistence of Rouse time and
incubation time in the homogeneous nucleation of PE when
the chain length is 150 CH2 groups.

3.1.2. Overall Crystallization and Crystallinity. During the
cooling stage from T = 3.3 to 2.3ϵu/kB, the enthalpy varies
linearly with time (see Figure 5a), indicating that crystal-
lization is negligible. During the isothermal process at 2.3ϵu/kB,
after an incubation time, crystallization starts and the enthalpy
goes down smoothly. The relatively high melting temperature,
the significant melting enthalpy, as well as the continuous
decrease of enthalpy during crystallization are a strong
evidence of the thermodynamic stability of the crystal phase
for all studied systems. The whole isothermal process lasts for
4 × 105τu, and the enthalpy of all the systems reaches a plateau.
At this point, all the systems have achieved the maximum of
crystallization. Note that system LC100, consisting of only
long chains, did not crystallize within the fixed isothermal time
of 4 × 105τu, suggesting that this system is much more difficult
to crystallize compared with the other pure short-chain and
bimodal MWD systems. In the following discussion, we mainly
focus on the six crystallized systems. In Figure 5b−e, we also
provide four snapshots in the process and at the end of
crystallization for systems LC0 and LC50. Large lamellae with
tapered edge have been obtained. Yamamoto46 has also
reported tapered shape lamellae between two parallel
substrates using the CG model.
In order to calculate the achieved crystallinity, we use two

methods. The first method is based on the experimental
approach on isothermal crystallization.47 The crystallinity is
defined as

= −
Δ
Δ

X
H
HC

c

f
0

(8)

where ΔHc is the enthalpy of crystallization and ΔHf
0 is the

melting heat of the completely crystalline materials at the
equilibrium melting temperature Tm

0 . ΔHf
0 has been calculated

in our previous work28 during melting, yielding ΔHf
0 = 1.9ϵu.

Figure 6 shows that the calculated crystallinity goes down from
0.66 to 0.46 with the weight fraction of long chains at the end
of isothermal treatment because long chains make it more

Figure 2. Schematic description of the possible polymer chains going
in and out of crystallites: loop (orange), tie (blue), and cilia (purple).
Green and dark green are crystal segments in two different crystallites.

Figure 3. Scheme of a particular case because of periodic conditions
of the simulation. Blocks 1 and 2 are crystallites. The blue chain
segment is actually a tie, and the red one is a loop.
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difficult for the polymer chains to crystallize from the
entangled melts. This is consistent with Li et al.48 who
reported that the crystallization enthalpy (ΔHc) would
decrease with the increased molecular weight. Krumme et
al.21 have also drawn a conclusion that the fully achieved
crystallinity decreases linearly with the molecular average
weight in their experimental study of bimodal MWD PE.
Moreover, Triandafilidi et al.49 have found a faster decrease of
crystallinity with the chain length of monodisperse polymer
melts in MD simulations.
Nevertheless, there are distinct crystal characteristics of the

polymer compared with other materials. Measurement of the
density and other properties of polymer crystals have shown

that they are not perfect crystals. The density of the crystals is
always less than the theoretical density, which means that the
noncrystalline material must also be present in the crystal. It is
clear that crystalline polymers are by no means perfect from a
structural viewpoint (defects with chain fold). They contain
crystalline and amorphous regions and probably also areas,
which are partially disordered. The method of eq 8 is a result
of enthalpy change, which incorporates crystallization and
defects. It is not a geometrical crystal and amorphous analysis.
On the other hand, to detect the molecular topology of the
semicrystalline system, we also need to locate the geometrical
crystals to trace the chains going back and forth of the
crystallites.

Figure 4. Evolution over time of MSIDs of polymer melts. (a) System LC0; (b) system LC50; and (c) all seven systems at the equilibration time of
5 × 105τu. (d) End-to-end vector orientation autocorrelation function, ⟨Ree(t)·Ree(0)/(|Ree(t)|·|Ree(0)|⟩, for system LC50 melt at the relaxation
temperature of 2.3ϵu/kB. (Inset) Rouse time as a function of weight fraction of long chains for the simulated polymer melts.

Figure 5. (a) Thermogram starting from the equilibrated liquid phase, cooling down from T = 3.3 to 2.3ϵu/kB and isothermal relaxation at T =
2.3ϵu/kB. (b,c) Snapshots of systems LC50 and LC0 at the time of 2.65 × 105τu. (d,e) Snapshots of systems LC50 and LC0 at the end of isothermal
crystallization. The colors in snapshots: pink is the crystal atom of short chains, blue is the crystal atom of long chains, and red is a typical chain
spanning crystalline and amorphous phases.
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Given this, we have proposed the hierarchical clustering
method, as illustrated in Section 2.5, to calculate crystallinity
using our algorithm. A comparison of the two methods is
shown in Figure 6. It is clear that the results are consistent.
Thus, the algorithm illustrated in Section 2.4 will be used to
analyze the topological structure of semicrystalline systems in
the following sections.
3.1.3. Homogeneous Nucleation. The crystallization of a

polymer arises from nucleation and crystal growth: the
combination of these two processes dominates the crystal-
lization rate. When the melt has been cooled completely, the
nucleation starts and nuclei appear. Thermal fluctuations
should be large enough in order to overcome the enthalpy
barrier for nucleation. Once the nucleus is larger than the
critical size, it will grow spontaneously as it will cause the
Gibbs free energy to decrease.50 According to CNT, the
nucleation rate I is given by

= − − Δ *i
k
jjjjj

y
{
zzzzz

i
k
jjjjj

y
{
zzzzzI A

E
k T

G
k T

exp expd

B B (9)

where ΔG* is the critical free energy barrier which mainly
results from the interfacial free energy, Ed is the activation
energy for chain mobility, and A is the temperature-
independent factor. Equation 9 is not numerically used.
Here, we demonstrate that at a given temperature, the
nucleation rate depends on the interfacial free energy and
the movement of chain segments. We will discuss the
nucleation behavior of uni- and bimodal MWD systems in
these two decisive perspectives.
The MFPT method of nmax, as explained in Section 2.4, is

obtained using independent starting configurations for all the
crystallized systems. Three trajectories for all the systems are
collected. To be concise and explicit, here we only plot systems
LC0 and LC50 (see Figure 7). Equation 7 is fitted to each of
these curves, as shown in Figure 8a. Then we obtain the
incubation time τ* and the critical nucleus size n*. After
inserting n* into eq 6, we can obtain the interfacial free energy
σs

2σe. We plot incubation time (Figure 8a) and interfacial free
energy σs

2σe with critical nucleus size n* (Figure 8b) versus
weight fraction of long chains.
The incubation time τ* is the time elapsed before the

establishment of steady-state nucleation in the bulk. The
nucleation rate I is equal to the inverse of the product of the
incubation time and the volume of the system:51 I = 1/(τ* ×
V), where V is the volume of the system. From Figure 8a, we

can see that the incubation time varies between 0.9 × 105τu
and 1.7 × 105τu for the six crystallized systems. It first
decreases with the weight fraction of long chains, reaches a
minimum at 30%, and then grows rapidly. System LC90 takes
the longest time before the initiation of crystallization, whereas
system LC30 takes the shortest time instead of LC0. Clearly, a
bimodal MWD system would promote the nucleation of the
isothermal process.
First of all, we explore the nucleation in the perspective of

interfacial free energy. From Figure 8b, we can see that the
interfacial free energy exhibits a drop from pure short-chain
system LC0 to system LC10 with 10% of long chains. Then the
interfacial free energy keeps going down until system LC90.
According to eq 5, the free energy barrier would follow the
same trend as interfacial free energy. Apparently, it turns out
that the long-chain content would clearly promote the
nucleation of the whole system in the perspective of free
energy barrier. Song et al.25 have also indicated that the high-
molecular-weight component can lower the fold surface free
energy (σe) of bimodal high-density PE (HDPE). They
observed the promoted nucleation rate during the isothermal
crystallization experiment and thereby concluded that the high-
molecular-weight component may act as an effective nucleation
agent in the HDPE matrix. Achilias et al.52 have also indicated
that long chains exhibit easier nucleation. We believe that the
decreasing interfacial free energy could result from the role of
chain folding in the process of nucleation.
Chainlike connection brings an intrinsic anisotropy to the

shape of macromolecules, which favors parallel packing of the
crystalline states.53,54 Therefore, polymers can perform two
typical modes of crystal nucleation: one is chain-folding
configuration for a parallel alignment of consecutive strands
along each chain, named intramolecular crystal nucleation.
Another is the fringed-micelle configuration for a parallel
alignment of several strands from different chains named
intermolecular crystal nucleation,53 as illustrated in Figure 9a.
Flory55 has estimated the free energy change of intermolecular
nucleation of PE, and Zachmann found its stem-end surface
free energy around 280 mJ/m2.56,57 In contrast, Hoffman and
Miller estimated the fold-end surface free energy of PE around
90 mJ/m2.58 In the overcrowded surface of the fringed-micelle
crystalline system, the amorphous segments would encounter a
significant entropy loss. This can result in high-end surface free
energy of fringed-micelle crystals. Because the interfacial free
energy is responsible for the nucleation barrier, the chain-
folding mode will have a much lower free energy barrier than

Figure 6. Calculated crystallinity from enthalpy and the hierarchical
clustering method vs weight fraction of long chains.

Figure 7. MFPT of maximum nucleus size (nmax) and fitting curves of
function 7.
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the fringed-micelle mode in both primary crystal nucleation
and secondary crystal nucleation. There always exists a
competition between two modes of crystal nucleation during
polymer crystallization.
As we can see in Figure 9a, intramolecular nucleation occurs

when a chain forms a tight loop. In this case, the fold-end
surface free energy will be lower than that of the stem-end
surface free energy. In order to determine the critical size of a
tight loop, we have looked at the influence of the thickness of
the interfacial region on the energy per bead. It turns out that
the energy per bead is influenced by the interface up to a
distance of five bonds and that it remains constant for larger
distances. This is also consistent with the LJ cutoff radius
which is in our case approximately equal to 5σu. From this
analysis, we set the critical length of a tight loop as 11 beads.
We have found that the majority of loops are tight ones. Meyer
and Müller-Plathe59 used a simplified version of model for
poly(vinyl alcohol) and also found that most chains reenter the
same lamellar region by a tight loop, resulting in chain-folded
lamellae of polymer crystals.
By inspecting Figure 9a, we see that the intramolecular

nucleation of a tight-folded chain gives rise to either one tight
loop with two crystal segments or two tight loops and three
crystal segments so that the ratio ℜ between the number of
tight loops and crystal segments will be ℜ = 1/2 or higher ℜ =
2/3 in this case. For the intermolecular nucleation, there are no
tight loops so that ℜ = 0. In this way, we can establish the
occurrence of intra- or intermolecular nucleation by quantify-
ing the ratio ℜ between the number of tight loops and crystal
segments.

Thanks to our algorithm explained in Section 2.5, we are
able to calculate the ratio ℜ of the tight loop/crystal in the
process of nucleation. In Figure 9b, we plot the ratio ℜ of the
tight loop/crystal in the nucleation process. For clarity, we only
plot four crystallized systems instead of six. We can see that the
ratio ℜ for system LC0 is very close to 0, which indicates that
intermolecular nucleation dominates system LC0. This ratio ℜ
gradually increases to system LC90, showing that the chain-
folded nucleation becomes important as the weight fraction of
long chains increases. Figure 9b shows what happens during
the nucleation process (before growth), where the crystallinity
is very low. In this regime, crystallinity may fluctuate with time.
In the nucleation process, the ratio of tight loop over crystal
segments is fairly constant with crystallinity, and the different
systems clearly exhibit different ratios, leading to different
nucleation mechanisms (intra- or intermolecular nucleation,
see Figure 9a). However, this ratio is totally in different
situations during the crystal growth and at the end of the
crystallization, which results from crystal thickening and
growth mechanisms.
In some MD simulations,60,61 researchers assumed that only

intramolecular nucleation happens in their monodisperse
polymer system, and they have concluded that the free energy
barrier is independent of chain length. In some experimental
works,62,63 it has also been concluded that the free energy
barrier for nucleation is independent of molar mass. Umemoto
et al.64 have also reported that there is a transition from
intermolecular to intramolecular nucleation when the molec-
ular weight is increased to around 3000 Da. According to these
experimental and numerical works, it is believed that the free
energy barrier of unimodal polymers is insensitive to molecular

Figure 8. (a) Incubation time vs weight fraction of long chains. (b) Calculated interfacial free energies vs weight fraction of long chains. (Inset)
Critical nucleus size vs weight fraction of long chains.

Figure 9. (a) Illustration of intramolecular chain-folding mode and intermolecular fringed-micelle mode of crystal nucleation of polymers. (b)
Ratio (ℜ) of the number of tight loops and crystal segments.
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weight within the intramolecular nucleation region (i.e., long-
chain region) and within the intermolecular nucleation region
(i.e., short-chain region) but differs between the two regions.
In the current work, we have used a chain length of 500

beads and 100 beads. According to Figure 9b, the ratio of tight
loop/crystal segments of system LC0 (100-bead length) is very
close to zero, which indicates that the intermolecular
nucleation dominates. In systems LC10/LC50/LC90, this
ratio increases with the rising content of long chains (500
beads). Therefore, the chain length 100 is in the intermolecular
nucleation region and that of 500 is in the intramolecular
nucleation region. Consequently, in our bimodal systems, the
interfacial free energy variation results from a competition
between inter- and intramolecular nucleation. Then the
decreasing interfacial free energy with the weight fraction of
long chains results from the rising fraction of chain-folded
nucleation.
Even if the quantitative details of the results could depend

on the specific values of the chain lengths used for our bimodal
systems, the same general conclusions would still hold as long
as the two types of chains are in intra- and intermolecular
nucleation regions, respectively.
MD simulations60,61 have suggested that the free energy

barrier for nucleation in single polymers is independent of
chain length in the intramolecular nucleation region.
Experimental works62,63 on the primary nucleation of PE
also reported that the free energy barrier for nucleation is
independent of molar mass within the intermolecular
nucleation and intramolecular nucleation, respectively. Indeed,
it seems that the intramolecular nucleation and intermolecular
nucleation are insensitive to chain length. Hence, we believe
that the decreasing interfacial free energy with the weight
fraction of long chains results from the rising fraction of chain-
folded nucleation.
Afterward, we explore the nucleation in the perspective of

the movement of chain segments. In eq 9, Ed is the activation
energy for processes that transport chain segments. Here, we
include shear viscosity η as an indicator of Ed.
Nucleation is a very complex process because each polymer

should be transported and rearranged under the strong
restriction that the molecular chain must not be “cut”. Nishi
et al.62 reported that the primary nucleation is a process of
“chain sliding diffusion” within the nucleus, which requires
disentanglement of molecular chains. It is also natural to
consider that the chain sliding diffusion and disentanglement
become more difficult with an increase in molecular weight. As
a matter of fact, in nucleation and crystal growth, polymer

chains are highly sheared and slightly disentangled at the local
growth front. Instead of estimating zero-shear viscosity, we
believe that a shear viscosity is more meaningful in exploring
chain movements in the process of nucleation.
We calculate the shear viscosity with the reverse non-

equilibrium MD (RNEMD) method of Müller-Plathe.65

Compared to the traditional NEMD techniques, the main
advantage of RNEMD is the fact that no energy is added to the
system, and hence, no energy needs to be removed by an
external thermostat. By constantly swapping the largest
momentum components in the +x and −x directions, a
gradient (∂vx/∂z) of the x component of the melt velocity (vx)
is formed with respect to z direction. It is also denoted as the
shear rate. The momentum flux jz(px) is the x component of
the momentum px transported in the z direction per given time
and per unit area. The shear viscosity η is also defined as jz(px)
= −η(∂vx/∂z). We obtained the shear viscosity for all the seven
systems at the shear rate around 9.5 × 10−3τu

−1 at the
isothermal temperature of 2.3ϵu/kB at the beginning of the
isothermal treatment before the crystallization started. As in
RNEMD, chain sliding and disentanglement would occur in
the sheared systems, which also happen in the process of
nucleation.
Figure 10a shows the shear viscosity as a function of the

weight fraction of long chains at the isothermal temperature of
2.3ϵu/kB. As in ref 66, the logarithmic shear viscosity increases
linearly with average molecular weight. Evidently, viscosity
jumps up fast with increasing weight fraction of long chains. It
is widely accepted in the experiment and modeling67,68 that the
zero rate viscosity is proportional to the power α of molecular
weight, η0 ∝ Mw

α, where the exponent α is 1.0 for unentangled
chains and 3.4 for entangled chains. In this work, we found that
the shear viscosity η ∝ Mw

1.317, which is reasonable because a
proportion of chains disentangle and align as mentioned above
in the process of shearing. Figure 10b shows the configuration
of a disentangled single long chain of system LC50 under the
shear rate. This indicates that the polymer chains are somehow
disentangled in the process of shearing, which accounts for the
depression of power-law exponent.
According to eq 9, Ed, the activation energy for the

movement of chain segments would be highly promoted as
the weight fraction of long chains goes up. As a result, the
nucleation rate will decrease. From this analysis, increasing the
weight fraction of long chains results in two conflicting effects
in the nucleation rate: promotion of interfacial free energy and
decrease of chain diffusion. Interestingly, as we have seen for
the incubation time in Figure 8a, the interfacial free energy

Figure 10. (a) Shear viscosity with average molecular weight, with the shear rate around 9.5 × 10−3τu
−3 and at the isothermal temperature of 2.3ϵu/

kB. (b) Configuration of individual long chains under the shear rate of system LC50.
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dominates the low Mw part and then reaches a minimum value
at 30% of long chains. Afterward, the incubation time increases
continuously, whereas the viscosity increases and then
dominates the nucleation.
Some experimental studies63,69 of polymer crystallization

have been used to argue that the nucleation rate is inversely
proportional to the molecular weight. Gee and Fried70 have
also reported that the time required for the onset of nucleation
decreases with the number of monomers in the polymer.
Essentially, long chains help in the formation of critical nuclei
for short chains. When blending a small proportion of long
chains (under 30% in our case), the free energy barrier strongly
decreases because of reduced interfacial free energy, whereas
the movement of chain segments is just slightly lowered. We
have provided insights into how the bimodal MWD polymer
promotes both nucleation and processability.
3.1.4. Crystal Growth. As explained above, we can calculate

crystallinity at any time by the decrement of enthalpy using eq
8. We make the approximation that the relative crystallinity Xt
equals crystallization divided by the fully achieved crystallinity
within our isothermal time of 4 × 105τu. The relative degree of
crystallinity (Xt) of system LC50 versus crystallization time at
the isothermal temperature is plotted in Figure 11a. The
tangent line at Xt = 0.5 is plotted: the gradient slope of this line
is equal to the maximum rate of crystallization, which is an
indication of general crystallization rate.71

We have obtained the maximum rate of crystallization for all
the six crystallized systems and plotted versus different
fractions of long chains, as presented in Figure 11b. In
contrast to the nucleation rate, the growth rate decreases
continuously with the weight fraction of long chains. The
growth rate goes down slowly at the beginning and then
undergoes an abrupt drop around 40% of long chains, after
that the growth rate keeps decreasing fast until the end. Gee
and Fried70 have also reported that the growth rate of the
crystal decreases with the number of monomers in the
polymer. It turns out that the transport activation energy
dominates the maximum rate of crystallization. However, from
system LC0 to LC90, the molecular weight increases by 3.57
times and the maximum rate of crystallization only decreases
by 20%. Evidently, there are other factors that could also
influence the crystallization rate, such as surface free energy,
thickness of crystallite, and melting enthalpy,41,72 which we do
not consider in this work. Nevertheless, we believe that
bimodal MWD is also another key factor that influences the
crystallization rate. Krumme et al.21 and Shen et al.31 have both
found that the crystallization half-time is not strongly changed

with increasing molecular weight in their studies of bimodal
MWD PE.

3.2. Molecular Topology: Tracing Back to the Same
Crystallinity (Xc = 43%). It was suggested that the chain
topology that governs the distribution of the stress at a local
scale on the crystalline lamella surface plays a major role in the
propagation of microcracks from which are formed the crystal
blocks.26 Obviously, we are not able to compare the topology
of the different systems because of the different crystallinities.
Therefore, we assume that we can compare the chain topology
if we trace all the systems back to the same crystallinity. We
use system LC90 as a reference because it has the lowest
crystallinity (43%) at the end of the crystallization: we analyze
the topology of all the systems at this value of the crystallinity.
In order to link the topological state to the crystallinity, we

performed extended isothermal MD steps for system LC50
after the end of the crystallization. We can see from Figure 12

that from 3 × 105τu to 5.5 × 105τu, the crystallinity is almost
constant and the molecular topology also slightly fluctuates
around a plateau. This suggests that the topology does not
significantly change if the crystallinity has saturated. On the
basis of the results of Figure 12, we have reasons to speculate
that crystallinity is representative of the corresponding
topology (loop, tie, cilia). Given this speculation, we traced
the systems back to the same crystallinity of around 43% and
compare their topology.
Figure 13 shows the molecular topology (loop, tie, cilia) for

different weight fractions of long chains of all the systems at
the same crystallinity (43%). We can see that the number
density of loops (Figure 13a) approximately increases with

Figure 11. (a) Relative crystallinity of system LC50 with isothermal time and definition of maximum rate of crystallization. (b) Relative growth rate
at half-time of crystallization as a function of weight fraction of long chains.

Figure 12. Extended isothermal crystallization procedure of system
LC50.
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long-chain fraction. This results from the increasing chain
length. Clearly, long chains are more likely to go out of a
crystallite and fold back to the same one, forming loop
segments. Besides, we argue that the number of crystallites is
also a factor that promotes the formation of loops. This would
explain the drop of the loop curve at the beginning. There are
three crystallites in system LC0 while only one in system
LC10. Even with a shorter chain length, LC0 has more loop
segments than LC10.
Tie segments play an important role in mechanical

properties, fracture toughness, and resistance to slow crack
growth of semicrystalline polymers. Previous research has
proved9 that the thickness of the amorphous layer (La) has a
stronger impact than the crystal thickness (Lc) on the tie chain
concentration. In other words, the distance between crystallites
is a key factor for the formation of tie segments. In our
systems, there are different numbers of crystallites in the
simulation box, resulting in different distances between
crystallites. It is reasonable to compare the number density
of tie segments between systems with the same number of
crystallites (see Figure 13b). In our systems with the same
number of crystallites, tie segments also increase with long-
chain weight fraction. Fundamentally, longer chains are more
probable to span the amorphous phase and connect two
crystallites. The probability of forming tie molecules decreases
with increasing La.

3,73 As for cilias, it is clear that the number
density decreases from LC0 to LC10. Because the number of
chains also decreases from LC0 to LC10, consequently the
number density of chain ends also decreases, leading to the
reduced probability of forming cilias.
Lee and Rutledge74−76 created semicrystalline samples with

alternate crystal and amorphous stacks. In addition, the
noncrystalline regions were subjected to equilibration by an
interphase MC method that included both local rearrange-
ments and alterations of chain topology. Out of the total
number density of loop/tie/cilia segments in our simulations,
the loop segments vary between 34.5 and 66.5% and the cilia
segments vary between 53.2 and 20.9% from system LC0 to
LC90 at the crystallinity of ∼43%, whereas Rutledge et al.75

obtained 63.9% of loops and 33.3% of cilias in their systems at
the average crystallinity of 53.7%. Higuchi and Kubo et al.77

have also built CG models with a chain length of 1000 beads,
where forces were applied to promote crystallization. They
obtained 43.1% of loops in average at the crystallinity of 76%,
with more percentage of ties and less cilias than in the current
work. Compared with the study of Kubo et al., the lower
percentage of tie segments and increase of cilia segments could
be attributed to the short chains in our systems.

Figure 14 shows the average thickness of crystallites for all
the simulation systems at the same crystallinity of 43%. When

it comes to MD simulation, the boundary effect would be a key
factor for crystal thickness because the small distance between
crystallites would hinder crystal thickening. Similar to the tie
segment case discussed above, it is also reasonable to compare
the average thickness of crystallites between systems with the
same number of crystallites (see Figure 14). We can see that
the average thickness drops from the 1-crystallite case to 3-
crystallite case, proving the evident boundary effect of MD
simulation. This phenomenon is opposite to the behavior of
the number density of tie chains (see Figure 13b) which are
promoted by the number of crystallites instead. For the
situations with the same number of crystallites, the average
thickness decreases with long-chain content. It seems that the
crystal thickness is promoted by the short-chain content, which
happens to be the inverse of the number density of tie
segments (Figure 13b). This conclusion is consistent with
experimental results9,78 in a certain range. Sun et al.78 found
that the lamella thickness increased with the short-chain
content in their crystallization studies of bimodal blends.
Fujiwara and Sato79 indicated that lamellar thickening growth
occurred through chain sliding diffusion, which is the sliding
motion along the chain axes.

4. CONCLUSIONS
In this study, we have investigated the crystallization and
molecular topology of the bimodal MWD polymer by MD
simulation. We have found that the incubation time of

Figure 13. Molecular topology of six crystallized systems: comparison at the same crystallinity of 43%. Number density of (a) loop, (b) tie, and (c)
cilia as a function of weight fraction of long chains.

Figure 14. Average thickness of crystallites for six simulation systems:
comparison at the same crystallinity of 43%.
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nucleation decreases with the rising weight fraction of long
chains and that the long-chain content has opposite effects on
nucleation in the perspective of interfacial free energy and
chain segment diffusion. The interfacial free energy decreases
with the weight fraction of long chains, which is attributed to
the competition of chain-folded and chain-extended nuclea-
tion. We have provided insights into how the bimodal MWD
polymer promotes both nucleation and processability, which
has been rarely addressed before.
Furthermore, we have proposed a novel hierarchical

clustering method to quantitatively access the molecular
topology of semicrystalline systems. It has been proved that
the number of loop and tie segments increases with the rising
weight fraction of long-chain content. Topological features
such as the tie segment population in semicrystalline polymers
are believed to play an important role in the mechanical
properties, whereas direct experimental measurement of the
molecular topology is not easy, especially during deformation.
However, there are already a few frontier research studies74−77

that have addressed the effect of molecular topology on
mechanical properties by MD simulation. It has been found
that an increase in stress transmitters, which are molecular
networks, such as tie segments and bridging entanglements,
increases the yielding stress and decreases the generation of
voids. As expected, bridging entanglements are stretched, and
these persistent bridging entanglements behave similar to tie
segments during deformation. However, the evolution of
molecular topology in the process of semicrystalline polymer
deformation would also be very interesting, and it has never
been investigated to the best of the authors’ knowledge.
Further work on this point can enhance the molecular
understanding of the mechanical properties of bimodal
MWD semicrystalline polymers.
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