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ABSTRACT: We have performed coarse-grained molec-
ular dynamics simulations to study the isothermal
crystallization of bimodal and unimodal molecular weight
distribution (MWD) polymers with equivalent average
molecular weight (Mw). By using primitive path analysis,
we can monitor the entanglement evolution during the
process of crystallization. We have discovered a quantita-
tive correlation between the degree of disentanglement and
crystallinity, indicating that chain disentanglement permits
the process of crystallization. In addition, the crystalline
stem length also displays a linear relation with the degree
of disentanglement at different temperatures. Based on the
observation in our simulations, we can build a scenario of
the whole process of chain disentangling and lamellar thickening on the basis of chain sliding diffusion. Furthermore, we
have enough evidence to infer that the temperature dependence of crystalline stem length is basically a result of
temperature dependence of chain sliding diffusion. Our observations are also in agreement with Hikosaka’s sliding
diffusion theory. Compared to the unimodal system, the disentanglement degree of the bimodal system is more delayed
than its crystallinity due to the slower chain sliding of the long-chain component; the bimodal system reaches a larger
crystalline stem length at all temperatures due to the promotion of higher chain sliding mobility of the short-chain
component.
KEYWORDS: bimodal polymer, degree of disentanglement, chain sliding diffusion, lamellar thickening,
coarse-grained molecular dynamics, semicrystalline polymer

Semicrystalline polymers with bimodal molecular weight
distribution (MWD) are good candidates for applica-
tions because of the improved processability along with

promoted mechanical performance.1 Bimodal MWD polymers
are composed of low- and high-molecular-weight (Mw)
contents. Some researchers2−6 have prepared bimodal polymer
blends in experiments and found that bimodal melts have
promoted nucleation rate and processability of the material. In
particular, the relationship between property and micro-
structure of bimodal polyethylene (PE) has been studied,7−9

and it is believed that the entanglements play an essential role
in the outstanding properties of bimodal PE.
Molecular dynamics simulations have also been used to

study crystallization10−15 and microstructure16−20 of semi-
crystalline polymers. Nevertheless, there are only a few studies
addressing the simulation of crystallization in relation with
entanglements14,15,21 of bimodal polymers. Moyassari et al.14,15

monitored entanglement concentrations during crystallization
of PE bimodal blends. Luo et al.10,21−23 studied the

crystallization of unimodal PVA chains and also blends with
very short chains (considered as solvent phase) and found a
linear relation between crystalline stem length and entangle-
ment length estimate. It is worth noting that these
contributions are attributed to the promoted nucleation rate
of the bimodal system to the increased proportion of long-
chain content and neglected the fact that the average Mw also
increased. However, the question remains: what is the main
factor for the crystallization and lamellar thickening of bimodal
polymers: the increased long-chain content or the increased
average Mw? Therefore, in order to avoid the effect of Mw, we
have created bimodal and unimodal systems with the
equivalent average Mw.
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In this work, we have studied systems of bimodal and
unimodal MWD with equivalent average Mw. Coarse-grained
MD simulations have been performed to investigate the
isothermal crystallization behavior of these systems at various
temperatures. The entanglements have been continuously
monitored in the process of crystallization. The crystal growth
and thickening process are described and discussed afterward.
The simulation methods and techniques for the analysis of the
entanglements are presented at the end of this article.

RESULTS AND DISCUSSION

Isothermal Crystallization. We use a coarse-grained
polymer model24 where linear polymer chains consist of
“beads” representing a few structural units. The energy, length,
and time units are given by ε, σ, and τ, respectively (with

τ σ= ϵm /2 , where m is the mass unit). As we have
mentioned in the introduction, a bimodal system, B166, has
been created with 100 long chains (chain length is 500 beads)
and 500 short chains (chain length is 100 beads). To avoid an
effect of average Mw, we have created a unimodal system,
U166, with 600 chains of length 166 beads, with the same
average Mw. Please note that in this work we use an optimized
weak interaction potential (see our previous article24), which
favors homogeneous nucleation. Please refer to the Methods
section for the simulation details and for the methods of the
postprocessing analysis.
The two systems are relaxed through a long period of 5.0 ×

105 τ in the NPT ensemble, and the equilibrium is confirmed
by the convergence of mean square internal distance curves.
Then the systems are submitted to a fast cooling process to the
target temperatures of 2.3, 2.1, 2.0, 1.9, and 1.7 ϵ/kB. We have
chosen these temperatures because the glass transition
temperature is 1.39 ϵ/kB, and 2.3 ϵ/kB is the maximum
temperature at which homogeneous crystallization can be

obtained within acceptable computational time.25 Afterward,
the temperatures of the systems are kept constant for the
isothermal treatment until the crystallization is adequately
fulfilled. Figure 1a shows the enthalpies per bead as a function
of isothermal time at different temperatures. We can see that
only at the temperature of 2.3 ϵ/kB the enthalpy shows an
incubation time before crystallization and then starts to
decrease, indicating the onset of crystallization, whereas the
crystallization occurs almost instantly at lower temperatures.
The whole isothermal process lasts for 4.0 × 105 τ, and the
enthalpy of all of the systems reaches a plateau, indicating that
all of the systems have reached maximum crystallinities. In
Figure 1b−e, we also provide four snapshots at the early stage
and at the end of crystallization for system B166 at
temperatures of 2.3 and 1.9 ϵ/kB, respectively. At the early
stage, much more nuclei have been formed at a temperature of
1.9 ϵ/kB compared to that at a high temperature of 2.3 ϵ/kB,
which is consistent with experimental observations26,27 and
with classical nucleation kinetics.28,29 At the end, large lamellae
with tapered edge have been obtained at a high temperature of
2.3 ϵ/kB: the largest crystalline domain of system B166 has an
average stem length of 22.66 σ and a maximum expansion of
84.76 σ perpendicular to the crystal orientation, and the largest
crystalline domain of system U166 has an average stem length
of 22.61 σ and a maximum expansion of 91.35 σ perpendicular
to crystal orientation. The ratio of lateral expansion versus the
crystalline stem length is approximately four. However, for
lower temperature, this ratio gradually decreases: for system
B166, these ratios at temperatures of 2.3, 2.0, 1.9, and 1.7 ϵ/kB
are, respectively, 3.74, 3.54, 3.42, and 2.57. The number of
crystalline stems of the largest crystallite of system B166 at
temperatures of 2.3, 2.0, 1.9, and 1.7 ϵ/kB are, respectively,
1432, 1212, 1125, and 270. A larger number of crystallites is
detected at lower temperature.

Figure 1. (a) Thermograms of isothermal treatment of systems B166 and U166, at constant temperatures of 1.7 to 2.3 ϵ/kB for a period of
4.0 × 105 τ. The enthalpy is calculated according to H = E + pV. (b,c) Snapshots of system B166 at the early stage of crystallization with
isothermal temperatures of 2.3 and 1.9 ϵ/kB, respectively. (d,e) Snapshots of system B166 at the end of isothermal treatment with isothermal
temperatures of 2.3 and 1.9 ϵ/kB, respectively. The colors in snapshots (b−e): blue represents several complete chains traveling through
amorphous and crystal phases, the other colors represent different crystallites (one color for each crystallite).
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In order to quantify the crystallinity, we have used our
hierarchical clustering method. With this method,24,25 we are
able to calculate the crystallinity of systems B166 and U166, as
well as their long-chain crystallinity and short-chain crystal-
linity. For example, the crystallinity of long chains in B166 is
defined as the number of long-chain beads in the crystal phase
divided by the total number of long-chain beads. From Figure
2a, we can see that, after an incubation time, system B166
crystallizes earlier than U166 at the isothermal temperature of
2.3 ϵ/kB, following a faster growth rate, and then it reaches a
plateau, displaying a final crystallinity slightly higher than that
of U166. However, the crystallinity−time curves of B166 and
U166 are only weakly different. It is the same case for the final
crystallinities at all investigated temperatures (Figure 2b). It
seems that the final crystallinity is determined by the average
Mw and independent of bimodality. Krumme et al.30,31 and
Shen et al.32,33 have also found that the bimodal blends of PE
behaved insensitive to bimodality, with respect to microscopic
properties like crystallinity and density.
The crystallinities of long-chain and short-chain components

of system B166 are also plotted in Figure 2a. The crystallinities
of the two components show the same trend as the overall
crystallinity. Short-chain crystallinity is always higher than that
of long-chain component because short chains diffuse and align
faster. This indicates that short chains promote the
crystallization during the crystal growth process, whereas
long chains hinder it instead. The overall crystallinity of B166,
close to that of unimodal system U166, is a compromise
between that of the short and long chains. Triandafilidi et al.34

have also reported a similar conclusion in the crystallization

competition of the two components. In Figure 2c, we have
plotted the ratio of final long-chain crystallinity divided by
short-chain crystallinity at various temperatures. This ratio
decreases with temperature, indicating that the difference of
crystallization rate between short chains and long chains
becomes larger at high temperatures. This mainly results from
the increasing difference of diffusion behavior between short
and long chains and from the fact that the diffusion coefficient
increases exponentially with temperature.35,36 Cosgrove et al.37

also reported that the diffusion coefficient of long chains and
short chains increases with increasing temperature.

Entanglement Evolution. As shown in some experimen-
tal studies,38−40 entanglement characteristics in the polymer
melt play an important role in the crystallization selection of
morphology and crystal thickening. Therefore, it is essential to
trace the evolution of entanglements during the crystallization
process. For easier comparison, here we use ⟨Z⟩ per bead as an
indication of entanglement concentration, that is, the average
number of entanglements per chain divided by chain length.
Figure 3a shows the entanglement concentration of systems
B166 and U166 as a function of isothermal time at temperature
2.3 ϵ/kB. The entanglement concentrations of B166 and U166
first slightly decrease at the beginning of isothermal treatment,
which is considered to be the delayed reaction to the preceding
fast cooling. Then the ⟨Z⟩ per bead slowly increases during the
incubation time, which is caused by the increase of chain
stiffness. This increase during incubation is consistent with
previous simulation studies and theoretical models.41−43

Afterward, with the onset of crystal growth, the concentration
of entanglements rapidly decreases, indicating a disentangle-

Figure 2. (a) Evolution of crystallinity of systems B166 (overall/long chain/short chain) and U166 at a temperature of 2.3 ϵ/kB as a function
of isothermal time. (b) Final crystallinity at the end of isothermal treatment of systems B166 and U166 as a function of temperature. (c)
Ratio of long-chain crystallinity divided by short-chain crystallinity as a function of temperature.

ACS Nano Article

DOI: 10.1021/acsnano.9b04459
ACS Nano XXXX, XXX, XXX−XXX

C

http://dx.doi.org/10.1021/acsnano.9b04459


ment process. Finally, the crystallization saturates, and
disentanglement reaches a plateau at the end of the isothermal
treatment. Interestingly, the ⟨Z⟩ per bead of B166 is very
similar to that of U166 during the incubation period, but at the
end, it decreases to a lesser degree compared to U166. Clearly,
systems B166 and U166 hold similar crystallinities (Figure 2b)
even if they disentangle differently, as it will be further
discussed in this paper. Figure 3a also shows the disentangle-
ment process of long/short chains in the bimodal system of
B166. The difference of the initial value of ⟨Z⟩ per bead
between long chains and short chain results from the effect of
the Mw and the correction term of eq 3. Long chains exhibit an
entanglement concentration higher than that of short chains
and eventually achieve different decreases of entanglements.
These observations also hold for the crystallization process at
other temperatures, except that no evident incubation period is
detected.
The role of entanglements and possible mechanisms of

disentanglement during polymer crystallization has been
debated in the literature,44−47 but experimental investigation
on entanglement properties is difficult.39,45 No quantitative
relations between the degree of entanglement and crystal-
lization processes have been made. In order to quantify the

degree of disentanglement, we define it as −Z t Z t
Z t

( ) ( )
( )

0

0
, where

⟨Z⟩(t) is the entanglement concentration of the system at time
t of the isothermal period and t0 is the incubation time, that is,
the time when crystallization starts. Based on the calculation of

incubation time in our previous work,25 t0 for system B166 is
1.22 × 105 τ, and for system U166, it is 1.26 × 105 τ. With this
definition, we are able to plot the degree of disentanglement of
systems B166 and U166 as well as that of long chains and short
chains of B166 as a function of crystallinity (Figure 3c).
It needs to be clarified that in Figure 3c each component

correlates with its own crystallinity. For example, the
disentanglement degree of B166 is a function of average
crystallinity of system B166, and that of long chains is a
function of long-chain crystallinity of system B166. The dashed
line is y = x. From Figure 3c, we can see that the degrees of
disentanglement of all of the systems and components always
follow their own crystallinities. Hence, we conclude that the
crystallization process is fundamentally a process of chain
disentangling, and that the crystallinity is basically the degree
of chain disentanglement. We have provided a quantitative
correlation between crystallinity and degree of disentangle-
ment. Prior to Luo et al. and Moyassari et al., Lee and
Rutledge48 reported a similar phenomenon in the process of
mechanical deformation of simulated polyethylene. They
found that the evolution of the entanglement length estimate
always follows the trend of crystallinity during both slow and
fast deformation processes, which suggests that entanglements
are created or eliminated readily in response to the production
(melting) or removal (recrystallization) of amorphous materi-
al. Other researchers have also debated about the relationship
between polymer crystal l ization and disentangle-
ment;15,44,45,49,50 nevertheless, to the best of the authors’

Figure 3. (a) Number of entanglements per bead as a function of isothermal time at a temperature of 2.3 ϵ/kB. (b) Number of entanglements
per bead in an amorphous phase as a function of isothermal time at a temperature of 2.3 ϵ/kB. (c) Degree of disentanglement as a function of
crystallinity at a temperature of 2.3 ϵ/kB.
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knowledge, we have never seen similar quantitative reports. For
system U166, the entanglement degree always follows its own
crystallinity. For system B166, the average degree of
disentanglement is a bit delayed with respect to crystallinity,
and the long-chain component is similarly delayed, whereas the
degree of disentanglement of short chains is close to its
crystallinity. It seems that in system B166, the long-chain
component dominates the delay of disentanglement degree.
Why does this delay exist in bimodal systems and especially in
the long-chain component? In order to answer this question,
we monitor the degree of entanglements in the amorphous
phase (Figure 3b).
As there are few entangled defects in the crystalline domain,

we assume that for a specific chain the entanglements are
spread along the amorphous fragment, and we assume that the
length of this amorphous fragment is N(1 − Xc) (N is chain
length, and Xc is crystallinity). With this assumption, we replot
the entanglement concentration in the amorphous phase
(defined as ⟨Z⟩amorph) as a function of isothermal time (Figure
3b). We can see that ⟨Z⟩amorph per bead has an evident increase
during the crystal growth for both systems B166 and U166.
The difference is that U166 decreases back to levels similar to
those before crystallization, whereas the decrease of B166 is
slower and still in progress at the end of isothermal. For long
chains of B166, the increase of ⟨Z⟩amorph is even more evident
and draws back slower than U166 and the average value of
B166, whereas ⟨Z⟩amorph for short chains of B166 exhibits no
evident increase or decrease in the whole process of
crystallization. Luo et al.10,21,23 have observed that entangle-
ments are almost preserved during crystallization in the
amorphous melts in their PVA simulations. Figure 3b indicates
a similar conclusion, but in our case, the entanglement
concentration of amorphous phase increases slightly and
decreases at the end. For long chains, the withdrawal is a
slow and long process, as confirmed in the extended simulation
of system B166. Moyassari et al.15,50 also reported that
entanglements were less preserved for the short chains than for
the long chains in the process of crystallization. It seems that
the delay of disentanglement degree of bimodal system B166
(compared to its crystallinity) is due to the slow reaction of the
long-chain component in the amorphous phase. This will be
further discussed in the following subsection.
Lamellar Thickening. Another fundamental question

concerning polymer crystallization is the effect of bimodal

MWD and temperature on crystalline stem length. In general,
low crystallization temperatures lead to thinner lamellae. In
Figure 4a, we show a linear relation between the final stem
length and degree of disentanglement for systems B166 and
U166 at a temperature of 2.3 ϵ/kB. This indicates that crystal
thickening is also controlled by the disentanglement process of
the chains. It has been indicated10,23 that the stem length
selection is due to the restriction of the entanglements, and less
entangled regions can crystallize faster with longer crystalline
stem lengths. Luo et al. have found a linear relation between
the entanglement length estimate at the beginning of
crystallization and the resulting crystalline stem length.10,21,22

These works pointed out the memory effect of entanglements
on final stem length but neglected the disentangling process
during crystallization. In this work, the simulation systems are
submitted to a fast cooling to the desired temperatures (2.3,
2.1, 2.0, 1.9, and 1.7 ϵ/kB) from the equilibration temperature
of 3.3 ϵ/kB. In fact, the entanglements react relatively slowly,
and the entanglement state hardly evolves during the fast
cooling. This suggests that the average entanglement density at
the onset of crystallization for the different temperatures is
almost the same as that for our systems. Even for the bimodal
system and the unimodal system, the entanglement concen-
trations at the onset of crystallization (see Figure 3a) are very
close: this cannot account for the stem length difference of the
two systems. In this paper, at variance with the work of Luo et
al., where non-isothermal crystallization has been performed
and the effect of thermal history has been discussed, we study
isothermal crystallization from the same initial entangled
system. We particularly focus on the steps preceding
crystallization and provide more insights into the chain
disentangling and chain sliding.
Based on Figure 3 and Figure 4a, we are now able to explain

the scenario of the whole process of crystallization.
Crystallization is a process where polymer chains disentangle
within the interface between a crystallite and the melt and then
rearrange into large crystals via chain diffusion. Apparently,
there are two types of diffusion of the chains: sliding diffusion,
which is diffusion of a polymer chain along its own axis, and
lateral diffusion, which is the displacement of a chain fragment
in the lateral direction. Luo et al.10 indicated that the process of
polymer crystallization is accompanied by the sliding and
folding of chain fragments, which are also the two modes of
chain disentangling. Basically, the chains fold to the growth

Figure 4. (a) Average crystalline stem length as a function of the disentanglement degree of systems B166 and U166 at a temperature of
2.3ϵ/kB. (b) Average crystalline stem length at the end of crystallization for different temperatures (unit of temperature labels is ϵ/kB) as a
function disentanglement degree of systems B166 and U166.
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front through lateral diffusion, forming short crystal stems, and
then the stems thicken through chain sliding. This could also
be visually observed from Figure 6, in which the entanglement
evolution of two individual chains of B166 (a long and a short
chain) is presented. The primitive paths of the folds show that
the folds are disentangled and mainly form the folded-end
surface of the crystallites. As discussed in previous works, the
crystallization occurs via the unentangled stems moving to the
growth front through chain folding.23,51,52 Our previous
article25 pointed out that long chains favor folded chain
crystallization also because the interfacial free energy of the
folded-end surface is much lower than that of extended-end
surface. On the contrary, a fully aligned long chain exhibits
such a low entropy that the probability to obtain it is extremely
weak. The number of kinks (representing entanglements) for
the two chains decreases in the process of chain folding and
crystal thickening, and most of the kinks fall in the interfacial

and amorphous regions, indicating that no entanglements exist
in the crystal phase.
In order to quantify the diffusion mobility of the chains, we

have calculated the mean square displacement (MSD) of the
beads, as described in Harmandaris et al.53 The MSDs of the
beads for systems B166 and U166 at a temperature of 2.3 ϵ/kB
are shown in Figure 5a. Clearly, the average MSD of the beads
is not sensitive to bimodality, whereas the MSD of short-chain
beads is higher than that of long-chain beads. Figure 5b shows
the MSDs of the centers of mass of the chains for systems
B166 and U166 at a temperature of 2.3 ϵ/kB. Clearly, the
average MSD of the chains of the bimodal system is larger than
that of the unimodal system, and the diffusion mobility of the
short-chain content is much higher than that of the long-chain
content. This conclusion also holds for other temperatures.
The short chains disentangle to a larger extent because of

the high sliding mobility, in agreement with the work of
Lacevic et al.,54 who calculated the sliding diffusion coefficient

Figure 5. (a) Mean square displacement of the beads as a function of time for B166 (overall/long-chain beads/short-chain beads) at a
temperature of 2.3 ϵ/kB. (b) Mean square displacement of the center of mass of the chains as a function of time for B166 (overall/long
chains/short chains) at a temperature of 2.3 ϵ/kB.

Figure 6. Configurations and primitive paths (PP) of two individual chains of system B166 (one is long chain, the other is short chain),
during isothermal crystallization at a temperature of 2.3 ϵ/kB. The black thin lines are the real configurations; the red and blue thick straight
lines are the PP given by the Z1 algorithm.
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and found that the chain sliding decreases with increasing Mw.
It is worth noticing that the entanglements do not completely
disappear on the crystal interface of the crystallite and melt,
which can be seen from the increase of the entanglement
concentration in the amorphous phase (Figure 3b) especially
for long chains of B166. In other words, entanglements are
pushed away from the crystalline phase to the interface: the
majority of them disappear, and the rest are transmitted to the
amorphous phase. This transmission is more evident for long
chains because of the low chain sliding mobility. This explains
the delay of disentanglement degree of long-chain component
in system B166 (Figure 3c) and the fact that the stem length of
B166 is larger than that of U166 (Figure 4a). In fact, due to the
higher sliding mobility of short chains in B166, the stem length
of bimodal system B166 is promoted by the short chains, and
long-chain low mobility makes the disentanglement degree of
long chains more delayed. Here, we have provided insights into
the disentangling and lamellar thickening process and found
evidence to support the chain sliding theory of polymer
crystallization proposed by Hikosaka35,36 as well as verified its
applicability to bimodal MWD polymers.
Figure 4b shows that the final stem length of systems B166

and U166 at various temperatures also exhibits a linear relation
with disentanglement degree. This indicates that the temper-
ature dependence of the stem length is mainly influenced by
disentanglement and bimodality. It is generally accepted that
lower crystallization temperature leads to thinner lamellae,
which is simply because lower temperature leads to slower
chain sliding and consequently a lower degree of disentangle-
ment. This observation leads to the conclusion that the
temperature dependence of the stem length can be the result of
the temperature dependence of the disentangling process,
which is mainly controlled by chain sliding. This does not
agree with the classical Lauritzen−Hoffman theory,28 which
does not attribute it to sliding diffusion but is based on
concepts of secondary nucleation and assumes disentangle-
ment via reptation. The simulation model used in this work
particularly promotes the sliding effect as shear stress is very
weak. On the other side, this conclusion is consistent with that
of Luo et al.,22 who have reported an inference that the
temperature dependence of stem length can be simply the
result of the entanglement length estimate, which is eventually
a result of chain sliding mobility.
There are mainly two different points of view to explain the

correlation between crystallization and entanglement concen-
tration in semicrystalline polymers. In the perspective of Flory
and Yoon,55 it is assumed that the polymer chains in the melt
cannot disentangle because the disentangling time is longer
than the inverse of the crystallization rate. In this case, the
overall entanglement should be conserved in the process of
crystallization and be segregated to the amorphous phase,
which implies a higher entanglement concentration in the
noncrystalline domain as the crystallinity increases. In the
perspective of Hoffman and Miller,28 the entanglements are
eliminated as crystallization proceeds; whether the entangle-
ment concentration in the remaining noncrystalline fraction
remains constant or not is not clear. Based on the concept of
“forced reptation”, in order to have enough time to disentangle
during crystallization, Hoffman argued that a chain should be
extracted from its entanglements with a rate of approximately
102 larger than the growth rate, typically applicable to
nucleation regimes I and II (nucleation regimes from Hoffman
theory). Investigating the transition regime of the crystal

growth is totally another subject, and growth rate is not
involved in this work either, but the regime of nucleation can
be estimated according to Hoffman’s theory. From Figure 5b,
the average moving rate of the center of mass of the chains is
approximately 3 × 10−2 to 6 × 10−2 σ2/τ at a temperature of
2.3 ϵ/kB, which can be considered as an indicator of the
disentanglement rate. The final radius (∼45 σ) of the largest
crystallites of systems B166 and U166 is obtained after an
isothermal time of 4 × 105 τ, so that the growth rate is
approximately 1.0 × 10−4 σ/τ. Therefore, the disentanglement
of the simulation systems at a temperature of 2.3 ϵ/kB in this
work supports Hoffman’s theory. A lot of experimental studies
display only minor lamellar thickening with low sliding
dynamics even under thermal annealing, whereas high sliding
mobility is only known for polyethylene, and the simple CG-
MD model used in this work rather resembles polyethylene in
this respect (above αc relaxation). Based on Figure 4, we
assume that the disentanglement and lamellar thickening of
systems B166 and U166 in the temperature range of 1.9−2.3
ϵ/kB verify their affiliation to nucleation regimes I and II. For
the temperature of 1.7 ϵ/kB, the stem length and degree of
disentanglement are evidently much lower than that at other
temperatures, so it is inferred to lie in regime III.

CONCLUSIONS
In this study, we have investigated the crystallization of
bimodal and unimodal MWD polymers with the same average
molecular weight Mw at various temperatures. Through the
primitive path analysis, the entanglement evolution has been
continuously monitored during crystallization. We have shown
that the crystallization process is accompanied by chain
disentangling and shown a quantitative correlation between
disentanglement degree and the crystallinity. Crystallinity is a
universal result of average Mw, and it is not sensitively different
for bimodal and unimodal systems. By employing molecular
simulations, we have described polymer crystallization as a
process of chain disentangling on the interface of crystal and
melted phases in the manner of chain sliding diffusion.
Crystalline stem length also displays a linear relation with the
degree of disentanglement at all referred temperatures, and the
temperature dependence of stem length is simply a result of
the temperature dependence of chain sliding diffusion.
Bimodal system B166 exhibits a stem length higher than that
of unimodal system U166 at all temperatures as the low Mw
component promotes stem length because of high sliding
mobility. Our observations provide direct evidence of
Hikosaka’s sliding diffusion theory. Observing entanglement
restrictions is difficult in experiments. Our observations with
MD simulations provide a quantitative analysis of the long-
term debate on chain disentanglement and lamellar thickening,
which is sensitive to bimodality as a result of high chain sliding
mobility of the short-chain component. The important role of
entanglements and chain sliding diffusion sheds light on a
deeper understanding of polymer crystallization.

METHODS
We use a coarse-grained polymer model24 where polymer chains
consist of “beads” representing a few structural units. All simulations
are performed in three dimensions using the open-source code
LAMMPS.56

Interaction Potentials and Modeling Systems. The model is
based on two potentials, where energy, length, and time units are

given by ε, σ, and τ, respectively (with τ σ= ϵm /u
2 , where m is the
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mass unit). A finite-extensible nonlinear elastic (FENE) potential
models the intrachain interaction of bonded beads:

ε
σ σ

= − − + −V r kR
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with k = 30 ε/σ2, R0 = 1.5 σ, εF = ε, and σF = 1.05 σ, chosen so that
unphysical bond crossing and chain breaking are avoided. Note that
the value of σF is chosen such that VFENE(r = σ) is minimum. All other
interactions are modeled by a simple Lennard-Jones (LJ) potential:
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where εLJ = ε, rc = 5.0 σ is the cutoff radius, and σLJ is an adjusted
parameter of the potential that favors crystallization and crystal
stability for the FENE−LJ model chosen here. We take σLJ = 1.888 σ
as proposed in our previous work,24 where the polymer chains tend to
align and form thermal stable crystallites. In this LJ potential, σLJ is
approximately twice the bond length (0.995 σ), resulting in the
alignment of three consecutive beads for low-energy purposes. In fact,
the optimized LJ potential acts as an angular potential promoting the
nucleation of the polymer by aligning the beads in the same chain. We
have verified the thermodynamic stability of the optimized LJ
potential, and we have confirmed the homogeneous nucleation ability
by isothermal crystallization treatment. By heating of a perfect
crystalline configuration, we have estimated the glass transition
temperature and the melting temperature of the CG model with chain
length of 100 beads as 1.4 and 3.1 ϵ/kB, respectively.
In this work, we have created a bimodal system (namely, B166)

with 100 long chains (chain length is 500 beads) and 500 short chains
(chain length is 100 beads), which makes 50% of the weight fraction
of long-chain content. The average Mw of system B166 is 166.7m. To
avoid an effect of average Mw, we have created a second system
(namely, U166) with 600 chains of length 166 beads, with the same
Mw and total number of beads as system B166. Extensive simulations
and comparisons have been done on systems B166 and U166 in this
work.
To generate these systems with target number of chains and chain

length, the radical-like polymerization method57,58 has been employed
(see more details in Zhai et al.25,58). The systems are then equilibrated
during 5.0 × 105 τ at a temperature of T = 3.3ϵ/kB and pressure P =
0.5ϵ/σ3 in the NPT ensemble. The Nose−́Hoover thermostat and
barostat are used to maintain the temperature and pressure. Newton’s
equations of motion are integrated with the velocity−Verlet method
with a time step of 0.005 τ. The box dimensions of the equilibrated
systems of B166 and U166 at a temperature of 3.3ϵ/kB are 71.02 ×
71.02 × 71.02 σ3 and 70.94 × 70.94 × 70.94 σ3. Mean square internal
distance is calculated to verify that all systems are well equilibrated.
Then the systems are submitted to a fast cooling process (cooling
rate: 10−5ϵ/kB/τ) to the desired crystallization temperature, followed
by an isothermal treatment for a long period of 4.0 × 105 τ until the
crystallization of each system saturates. We have selected temper-
atures of 2.3, 2.1, 2.0, 1.9, and 1.7 ϵ/kB because the glass transition
temperature is 1.39 ϵ/kB, and 2.3 ϵ/kB is the maximum temperature at
which homogeneous crystallization can be obtained within acceptable
computational time.25

Crystallinity and Entanglement Analysis. In order to quantify
the crystallinity and detect the crystallites and their sizes, we use an
algorithm based on hierarchical clustering.24,25 This algorithm seeks
to build a hierarchy of crystal clusters, and the beads belonging to the
same cluster would be detected and integrated. It employs a bottom-
up strategy: each bead starts its own cluster, and all of the clusters
sharing the same bond orientation (within a tolerance angle of 5°) are
merged as one moves up the tree structure. The crystallinity is defined
as the ratio of the number of beads belonging to crystalline phase over
the total number of beads. In this way, we are able to detect all crystal

clusters (i.e., crystallites) and to trace all of the chains passing through
the crystalline phase and amorphous phase. For further details of this
algorithm, one can refer to our previous works.24,25

For semicrystalline systems, the entanglement analysis methods
that use pure geometrical criteria to examine the primitive path
network from a polymer system are more efficient. In this work, we
use the Z1 algorithm59 to analyze the entanglements. The Z1 code
extracts the primitive path of a given trajectory configuration and
determines several entanglement properties, of which we are mainly
interested in Z, the number of entanglements (number of interior
kinks) in each polymer chain, and Ne,kink, the entanglement length
estimate. As the conformations of polymer chains no longer obey
Gaussian statistics in melts near crystallization, we use the directly
measured number of beads in a straight primitive path segment
between two adjacent kinks as the entanglement length estimate. The
corresponding estimators operating on the number of kinks are
usually denoted as “classical kinks”,59,60 which follow the form

= −
−

Z
N

N
N

N 1e,kink (3)

= −
− +

N
N N

Z N N
( 1)

( 1)e,kink
(4)

where N is the chain length (i.e., number of beads).
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